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ABSTRACT
Despite the limited opportunities in obtaining beam times and difficulties in
analysing data, modern techniques of synchrotron high-energy X-ray diffraction and
neutron diffraction possess the advantages of fast measuring speed and obtaining
microstructural information from a bulk volume rather than surface. These features
maintain their advantages and particularities in investigating microstructural
evolution of metallic materials during thermal-mechanical processing. Over the past
15 years, considerable improvement has been made in applying these diffraction
techniques with other microscopy means.
The present work is concerned with the experimental study of in-situ in real time
investigations of materials microstructural change during thermal-mechanical
processing by high-energy X-ray diffraction and neutron diffraction. As a
benchmark, plastic deformation of single grain and polycrystalline copper was
measured by high-energy X-ray diffraction, during unidirectional compression at
room temperature. Following this, a systemic study of deformation mechanisms of
twinning-induced plasticity (TWIP) steel Fe-18Mn alloy at room temperature was
carried out by high-energy X-ray diffraction and self-consistent modelling. The grain
statistics and grains orientation distribution of Fe-18Mn have been characterised
during various plastic deformation processing, including unidirectional tension,
quasi-static compression, shock impact compression and high-pressure torsion.
Influence of strain rate and total strain on texture has been specified by the advanced
technique of obtaining texture from an individual 2D synchrotron diffraction image.
The deformation process of TWIP steel involved the competition between
dislocation sliding, mechanical twinning and even martensitic phase transformation,
in some extreme condition of high-pressure torsion and shock loading. The activities
of these different mechanisms during various deformation processes were predicted
by both statisticity of diffraction pattern and self-consistent modelling.
Following the studies of plastic deformation at room temperature, the author further
studied alloys microstructural evolution at high temperature. This started from Zr2.5Nb, the segregation of Nb atoms between β-(Zr-Nb) phase and β-Zr phase was
recorded by in-situ neutron diffraction experiments. In addition, the hot deformation
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behaviour of Zircalloy-4 was investigated by high-energy X-ray diffraction. Apart
from the lattice relationship between α-phase and β-phase, dynamic recrystallization
was also observed.
The final study concerned the use of a high-energy synchrotron X-ray beam to study
in-situ and in real time microstructural changes in the bulk of a novel, β-solidifying
titanium aluminium alloy. The occupancy and spottiness of the diffraction rings have
been evaluated in order to access grain growth/ refinement, orientation relationships,
subgrain formation, dynamic recovery and dynamic recrystallization, as well as
phase transformations. For the first time, this method has been applied to a Ti-Al
alloy system consisting of two co-existing phases at high temperature and it was
found that the bcc β-phase recrystallizes dynamically much faster than the hcp αphase, which deforms predominantly through crystallographic slip, that was
underpinned by a dynamic recovery process with only a small component of
dynamic recrystallization. The two phases deformed to a very large extent
independently from each other. The rapid recrystallization dynamics of the β-phase
combined with the easy and isotropic slip characteristics of the bcc structure,
explained the excellent deformation behaviour of the material, while the presence of
two phases effectively suppresses grain growth.
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1

INTRODUCTION

1. 1 General introduction
The mechanical properties of metallic materials are in large measure determined by
microstructure, in particular phase composition and distribution as well as the state of
deformation. For example, pure copper work-hardens during low-temperature
deformation and the work hardening behavior can be modified by the addition of
suitable alloying elements, which can harden the copper by solid-solution hardening
mechanisms, or by the formation of separate phases within the copper matrix.
Moreover, by suitable thermal treatment, the effects of work hardening can be
eliminated through recovery and recrystallization processes. The thermo-mechanical
responses play important roles in designing suitable materials properties for
sophisticated applications, such as airplane turbine blades or welded structures in
nuclear reactor vessels. Moreover, preferred crystallographic orientation and texture,
influences the isotropic behavior of important engineering materials and a more
comprehensive understanding of the intricate interplay of work-hardening
mechanisms, phase transformations, texture development and the thermo-mechanical
response of materials have led to significant cost and waste savings in many
applications; for example, the optimized production of deep-drawn beverage cans
and the enhanced electric current density of high-temperature superconductors. It is
therefore not surprising that many development efforts for the design of materials
with novel or improved physical properties, deal with the control of microstructure.
Central to the optimization of materials properties for a specific application, is very
often a judicious selection of thermo-mechanical processing parameters, which for
critical engineering applications, can be quite sophisticated.
Following production, the lifetime of a metallic product often depends on the applied
thermo-mechanic load or the introduction of non-desired effects such as creep, which
may alter the microstructure and thereby the mechanical properties. For these reasons,
thermo-mechanical simulation has become a widely used tool in industry and
research alike, not only to establish appropriate operating parameters, but also to
assess life-cycle response. Conventionally, thermo-mechanical processing studies are
conducted by deforming a metal at high temperature, with a defined time and stress
profile, followed by quenching to freeze the structural state from that particular point
15

in parameter space. To access its bulk properties, this specimen is then cut, polished
and examined by microscopy or conventional X-ray diffraction in the near-surface
region. In order to determine the behavior of the material with progressing time-steps
during the thermo-mechanical process, many more specimens are prepared from
slightly different temperature or stress states and subsequently analyzed. These
traditional investigating techniques are extremely time consuming and costly and in
addition, it is most doubtful, that the microstructure existing during processing will
be retained by the quenching step, particularly when phase transformations are
involved.
Take plastic deformation as an example. Deformation mechanisms are various with
materials with different crystallographic structures and different processing processes.
Microstrain for different reflections can be used to estimate the activity of different
slip and twin systems via self-consistent modeling. Comparatively, conventional
experimental methods are not able to provide integrated crystallographic information
during plastic deformation, let along activity of different mechanisms. In addition,
the intergranular and intragranular stress present within the material, when under
processing are different with the state after external load been released. The level and
character of these two types of stresses, which determine the local stress and strain
conditions, are attributed from grains orientation distribution and the crystallographic
defects. In other words, in-situ diffraction experiments of material during plastic
deformation,

provide

crystallographic

information

of

intergranular

stress,

intragranular stress, dislocation density along with grain orientation distribution for
crystal plasticity simulation, either as initial parameters or at different deformation
stages.
Another

phenomenon

during

thermo-mechanical

processing

is

dynamic

recrystallization, which involves both temperature and strain accumulated from
plastic deformation. The traditional technique used in investigating dynamic
recrystallization, is looking for a distinct peak in the flow stress during hot
processing, which is due to the softening effect of recrystallization. However, this
method is invalid for materials that do not show well-defined peaks, when tested
under high temperature working conditions. Although ex-situ microscopy
experiments are an appropriate way to observe the distortion of microstructure, the
orientation relationship and further to estimate the energy stored due to plastic
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deformation, in-situ investigations of dynamic recrystallization in order to obtain the
change of strain and dislocation from a bulk volume of material, is difficult to carry
out without X-ray beam from synchrotron source.
Many of these problems can be overcome, at least in part, by the application of highenergy X-ray and neutron diffraction techniques to thermo-mechanical processing
studies. Modern neutron and synchrotron X-ray sources are bright enough to study
thermo-mechanical processing steps in bulk-material, in-situ and hence, these
techniques provide an alternative way of studying thermo-mechanical processing of
metallic materials. By these techniques, material behavior can be studied during
deformation at room or elevated temperature, during heat treatment, during cooling
following heat treatment and moreover, phase transformations can be observed insitu. Hence, processing parameters can be optimized for a specific material or
alternatively, for specific applications. An important advantage of the use of neutron
diffraction techniques is the extraordinary penetration, good averaging over large
volumes in grain statistics, as well ass different atomic contrasts that allow for
studies of order–disorder transitions. In similar vein, high-energy X-rays from
synchrotrons such as the European Synchrotron Radiation Facility (ESRF) in France
or the Advanced Photon Source (APS) in the USA, can penetrate centimeters deep
into the bulk of industrially important materials [1]. In contrast to neutrons, the
synchrotron beam is sharply bundled and might reflect from a small number of grains
only. Given the time resolving large area detectors that have recently become
available, high quality X-ray video recordings can now be made while the specimen
undergoes thermo-mechanical processing. An in-depth understanding of the X-ray
diffraction process as such, the underlying crystallography and software
developments are required to capitalize on these techniques, but it is now possible to
extract novel and multi-dimensional information from the recorded diffraction
patterns [2–5].
1. 2 Outline of the thesis
The main aim of the present project was to study by advanced diffraction techniques,
in-situ and in real time, the microstructural evolution of selected metallic materials in
the course of a variety of thermo-mechanical processing procedures. This thesis
includes a number of experimental as well as analysis approaches that have not been
widely applied in the materials community. As little information relevant to the
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present study is available in literature, it was necessary to conduct a number of
exploratory as well as benchmarking experiments. For these reasons, the present
study was introduced by a study of the deformation mechanisms, firstly of single
crystal and then polycrystalline copper at room temperature during plastic
deformation, as an example of the classic features of microstructural evolution of fcc
structural, single phase metallic material at room temperature. During continuous
plastic deformation under conditions of uniaxial compression, the original coarse
grains were observed to break up into sub-grains and depending on their initial
alignment, rotate into their preferred orientation and finally merging into a
continuous texture. In contrast with earlier findings, this study has shown not only
the starting and final microstructures, but also the continuous evolution of the
microstructure through the initial mosaic spread to a fully developed deformation
texture. In addition, modeling techniques were used in an attempt to determine the
relative contribution of different deformation mechanisms to microstructural
development. This initial study has also shown the importance of understanding the
basic features on the Debye-Scherer ring patterns with a view to the development of
models, to better explain the deformation of fcc structured materials.
A variety of high-energy X-ray and neutron diffraction techniques have been
developed in the course of the study and it became necessary to develop techniques
to acquire, analyze and interpret the large volumes of data generated by these
experiments. More specifically, dedicated software was developed to analyze the
diffraction data and to relate the information gathered from the diffraction
experiments, to microstructural evolution in the course of thermo-mechanical
processing. In addition, the advantages/disadvantages of a variety of diffraction
techniques have been assessed, before the techniques used in this study were
employed.
Following the explorative study of the deformation mechanisms in pure copper and
the consequential development of techniques, to effectively and efficiently analyze
the acquired diffraction data, a systemic study was conducted on the deformation
mechanisms pertaining to the industrially important twinning-induced plasticity
(TWIP) steels. By the use of high-energy X-ray diffraction techniques, grain
statistics and grains orientation distributions have been characterized during various
plastic deformation processing procedures in a Fe-18Mn-based steel. These
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experiments were conducted at room temperature and included unidirectional tension,
quasi-static compression, shock impact compression and high-pressure torsion. The
influence of strain rate and total strain on the development of texture have been
determined, by using an advanced technique of obtaining textural information from
individual two-dimensional synchrotron diffraction images. Deformation of TWIP
steel involves competition between various deformation mechanisms such as
dislocation sliding, mechanical twinning and even martensitic phase transformation
in some extreme condition of high-pressure torsion and shock loading. The
contribution of these different deformation mechanisms in a variety of deformation
processes have been predicted, by both using a combination of statistically validated
experimental information from diffraction patterns and self-consistent modeling.
Following the studies of plastic deformation of copper and TWIP steel at room
temperature, the study progressed to the in-situ study of deformation processes at
high temperature in alloys of interest to the nuclear industry. Initially, the distribution
of Niobium atoms between the β-(Zr-Nb) and β-Zr phases in a Zr-2.5Nb alloy was
studied at high temperature by in-situ neutron diffraction experiments. The Zr-2.5Nb
alloy consists at room temperature, of an α-Zr phase (hcp) and two bcc β-phases; a
Nb rich β-phase and retained, Zirconium rich, β-Zr(Nb) phase. Vegard's law in
combination with thermal expansion was used to calculate the composition of the βphase, which was compared to the phase diagram, revealing the system's kinetic
behaviour for approaching equilibrium. Following the characterization of the phase
transformations in the Zr-2.5Nb, the hot-deformation behaviour of Zircaloy-4 was
investigated by the use of high-energy X-ray diffraction techniques, in-situ and in
real time and the relationship between the α- and β-phases during dynamic
recrystallization was established. Statistics and orientation correlations of
embedded/bulk material grains were deduced from two-dimensional X-ray
diffraction patterns. Upon heating, little grain growth occurred in the lowtemperature α-Zr phase, which then transformed gradually into β-Zr. Plastic
deformation accelerates at higher temperatures and regimes of dynamic recovery and
dynamic recrystallization could clearly be distinguished.
Finally, the newly developed experimental techniques and analytical methods were
utilized to study recrystallization in an alloy, in which two phases co-exist at high
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temperature. A novel, β-solidifying titanium aluminium alloy with great potential for
high-temperature applications was selected for this part of the study. A high-energy
synchrotron X-ray beam was used to study in-situ and in real time, the microstructural changes that occur in the bulk of this alloy. The occupancy and spottiness
of the diffraction rings were evaluated, in order to obtain quantitative information
about grain growth and/or grain refinement, orientation relationships, subgrain
formation, dynamic recovery, dynamic recrystallization and the pertaining phase
transformations. During the deformation process of two co-existing phases at high
temperature, it was found that the bcc β-phase recrystallizes dynamically much faster
than the hcp α-phase. It seems that the hcp α-phase deforms predominantly by
crystallographic slip, underpinned by a dynamic recovery process, with only a small
contribution of dynamic recrystallization. The two phases deform to a very large
extent independently from each other. It is contended that the rapid recrystallization
dynamics of the β-phase, combined with the easy and isotropic slip characteristics of
the bcc structure, explains the excellent deformation behaviour of this material, while
the presence of two phases effectively suppresses grain growth.
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2

THEORETICAL AND EXPERIMENTAL FRAMEWORK

In this chapter, three sections will be presented: (1) Basic concepts of diffraction
technique applied in materials science and technology, especially modern
synchrotron X-ray diffraction and neutron diffraction. (2) Representation of texture
and its measurement by synchrotron X-ray and neutron diffraction. (3) Algorithm
and features of self-consistent model, utilized in current study for simulating lattice
strain and texture evolution metallic materials deformation process.
2. 1 Synchrotron X-ray diffraction and Neutron diffraction
As the principle of diffraction, the Bragg’s law is the main research method applied
through this study. Following the introduction of the Bragg’s law, the comparison of
neutron diffraction and synchrotron X-ray diffraction with laboratory X-ray
diffraction techniques, applied in in-situ observation of thermo-mechanical process is
presented in this section. Finally, the method to interpret the diffraction information
obtained from two-dimensional (2D) detector will be explained.
2.1.1

Bragg’s law

Coherent elastic scattering, or diffraction, from atoms arranged in crystal planes with
spacing d is very strong only for certain specific, well-defined scattering angles. This
can be seen schematically by considering a plane wave of radiation of wavelength λ
incident at an angle θ to the atomic planes as shown in Figure 2.1, and scattered at
the equal angle [1]. Considering the scattering from two atoms lying in successive
atomic lattice planes vertically above one another; each will scatter radiation
coherently with a phase relationship maintained between the incident and scattered
waves [1]. If we consider the sum of their scattered amplitudes at a diffraction angle
θ, that is, a scattering angle of φ=2θ, the two scatted waves will have travelled
distances different by 2dsinθ, and will be out of phase with each other. However, if
this extra path length for scattering from successive lattice planes is equal to a whole
integral number, n, of wavelengths nλ, then the scattered waves will be in phase and
the total scattered amplitude will simply be the sum from each scattering event”, of
which condition can be expressed by the Bragg’s law [1].
nλ = 2d sinθ

21

Figure 2.1 Schematic plot of diffraction
As one of the most powerful research means, diffraction experiments have been
applied in different disciplines, especially chemistry, physics, materials science and
engineering. Powder diffraction, which was mainly discussed in the current study,
has been employed in metallic materials science for the objectives listed below:
•

Identification of materials and phases

•

Grain statistics according to deformation process

•

Orientation distribution measurement

•

Evaluation of order and disorder in structures

•

Phase transitions (structural distortions or reconstruction)

•

Defects characterization

Diffraction methods have become an indispensable method in metallic materials
science and engineering.
2.1.2

Advantages of synchrotron X-ray diffraction and neutron diffraction

As neutron diffraction and synchrotron X-ray diffraction are the main methods
applied in the current study, as opposed to laboratory X-ray diffraction or
transmission electron diffraction, it is necessary to explain the advantages of the
former two diffraction means. First, the incident beam intensity of synchrotron
diffraction is much higher than labortorary X-ray diffraction. The major advantages
of the synchrotron are that it has a small, a high brilliance beam and it is fast.
Neutron diffraction offers the advantages of high penetration, it averages over a large
volume and it is suitable for both phase analysis and texture determination; Secondly,
due to the high energy of incident beam at synchrotron radiation source, the
penetration depth has been increased, which involves more crystals participate into
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the scattering process and result in better counting statistics. This is extremely
important for identifying minute quantity phases. In addition, an attribute to the
advanced two-dimensional area detector, the transmission rate of diffraction signals
can reach 10 Hz without sacrificing intensity resolution. All these features mentioned
above, together make in-situ characterization of metallic material’s microstructural
evolution during thermo-mechanical process possible.
2.1.3

Specific experimental instruments and accessories applied in the current
study

The diffraction experiments undertaken in the current study, were mainly carried out
in synchrotron high-energy beamline ID15B at the European Synchrotron Radiation
Facility (ESRF), the high-energy X-ray diffraction beamline 1-ID at Advanced
Photon Source (APS) and neutron high-intensity powder diffractometer (Wombat)
and neutron high-resolution powder diffractormeter (Echidna) at Australian Nuclear
Science and Technology Organization (ANSTO).
(i) Synchrotron high-energy X-ray diffraction experiment setup
The third generation synchrotrons such as European Synchrotron Radiation Facility
(ESRF) and Advanced Photon Source (APS), were used for the high-energy X-ray
diffraction in the present study. The high electron-energy rings of 7 GeV and 6 GeV
provide undulate radiation in the high energy X-ray regime into the beamlines ID15B
and 1-ID, respectively. Silicon monochromators are used to define the incident beam
at approximately, energy E = 90 keV with wave number k = 45.6Å−1 and wavelength
λ=2π/k = 0.138Å. The Ø∼100 µm beam impinges onto the polycrystalline sample
of typical 4mm thickness in transmission mode and is diffracted into Debye–Scherrer
cones, which are recorded in about 1.0–1.5m distance by a flat panel detector,
oriented strictly perpendicular to the incident beam. The small diffraction angles of
high energy X-rays allow simultaneous recording of full diffraction rings up to
typically 10Å−1. At APS, the amorphous silicon pixel detector of General Electrics
was used. It consisted of 2048× 2048 pixels of 200µm× 200µm size and the
electronic hardware was set up to record continuously up to 300 images, up to 5Hz
frame rate. The ESRF detector was a Pixium 4700 flat panel amorphous silicon
detector [2] with 1920 (h) × 2640 (w) pixels measuring 154µm × 154µm,
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continuously streaming with 2.5 Hz, including a dead time of a few 100 ms.

Figure 2.2 A fine synchrotron beam impinges from the right to the polycrystalline
specimen and diffracts into Debye-Scherrer cones recorded on a 2D detector [3]
Different sample environments can be set up according to availability and needs. At
APS, a stand-alone hydraulic load frame based on a MTS858 with ± 15 kN
maximum force was used. Optionally, an infrared furnace was installed for external
heating of the specimen up to 1100 ℃. ESRF supplied a compact, hydraulic 5 kN
frame with large rotational access of 170º and operation at room temperature or
alternatively, a screw driven Instron electro-thermomechanical tester (ETMT) for
simulating thermo-mechanical processing. In the present configuration, loads up to
3 kN can be applied while the specimen is heated resistively with a maximum power
angle of 8 V and 450 A. Figure 2.3 and Figure 2.4 display the location of ETMT and
the details of the load frame. Melting temperature of iron and titanium aluminium
intermetallics which lie around 1500 ℃, were reached in these investigations.
Cylindrical and flat sheet bone shaped specimens were prepared by electrical
discharge machining or wire cutting, for usage in compression and tensile testing,
respectively. Typically, a test started by mounting the sample into the load frame,
followed by translational transmission scans to locate the sample center in the beam.
Different temperature and stress profiles were then run in both constant load and
constant displacement modes. Both facilities allow recording the thermo-mechanical
load parameters in their beamline control software based on SPEC. A regulation
script was implemented into the control software to coincide with the center of the
specimen, with the X-ray beam in a continuous loop or before any single exposure
frame was taken, ensuring minimal grain motion with respect to the beam.
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Figure 2.3 Experiment setup at beamline ID15B/ESRF, load frame is located
between beam guide and area detector, the detector is not shown in this graph.

Figure 2.4 Sample chamber and tension grips of load frame ETMT 8800
(ii) Neutron diffraction experiment setup
Wombat is a high-intensity Neutron powder diffractormeter. It has the power to
detect a million neutrons a second and to produce data on the structure of materials in
a matter of milliseconds. The main components of Wombat are neutron guide,
monochromator, sample stage, area detector and collimator, as shown in Figure 2.5.
The instrument specifications of Wombat are shown in Table 2.1[4].
Table 2.1 Wombat instrument specifications
Wavelength range

0.9-2.4 Å (Ge monochromator)

Resolution

∆d/d > ~2×103

Beam size

Maximum 20 mm (wide) × 60 mm (high)

25

120º × 200 mm high

Detector area

Figure 2.5 Schematic diagram of Wombat instrument at OPAL/ANSTO[4]
In the current study, the ILL 1800℃ vacuum furnace was used to heat the specimen
up to high temperature for observing phase transformation processes. This vacuum
furnace is of a proven design for use in laboratory environment, for the specific
analysis of material samples by neutron diffraction or spectroscopy. It has been
designed by a world-renown research institute (ILL of Grenoble, France) and is
manufactured to the required exacting specifications by AS Scientific Products Ltd
of Abingdon, U.K., and a leading company in the development of equipment of this
nature. The basic two units of this vacuum furnace are the furnace assembly and the
furnace controller. The furnace assembly is used with two pumps which provided the
necessary vacuum. A picture of the 1800℃ ILL type vacuum furnace is shown in
Figure 2.6.
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Figure 2.6 1800℃ ILL type vacuum furnace.
Also, an Euler cradle is used to measure the texture on high-intensity neutron powder
diffractometer (Wombat). A picture of this Euler cradle is shown in Figure 2.7.

Figure 2.7 C shaped Euler Cradle used in texture measurement.
2.1.4

How to interpret diffraction information from 2D detector

For experiments carried out by synchrotron high-energy X-ray diffraction,
instrument calibration occurs through a known standard material. The sample to
detector distance is obtained by two exposures with known translation of the sample,
towards the detector measuring the change of size of the diffraction rings and
evaluation through the rule of proportion. Then, the accurate beam energy can be
calibrated by evaluation of powder pattern of the standard.
Diffraction rings from coarse and fine-grained copper are shown in Figure 2.8. For
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visualization, they are linearly calibrated to reciprocal space units Q [Å-1], so that
they can be directly compared to any powder or single crystal pattern. A computerprogramming platform is essential for batch processing and extracting quantitative
information from thousands of images in a row. Therefore, the software package
dataRing, based on the SCILAB platform and interfaced to the C programming
language was written to automatically fit the center of a continuous ring pattern
(Figure 2.8 (b)), which can then be used for the whole set of corresponding images
(Figure 2.8 (a)). For each image pixel, the modulus of the scattering vector or the
momentum transfer, Q = 2 k sinθ is calculated with Bragg angle θ, obtained from
tan (2θ) = R/D, pixel radius R from the center and detector distance D. Azimuthally,
the rings can be divided into N sectors of angular step size Ψs = 360º/N allowing to
re-bin the intensities into azimuthal-angle Ψ-Q space as depicted in Figure 2.9.
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Figure 2.8 Two-dimensional diffraction rings from polycrystalline copper recorded
towards the beginning (a) and end (b) of a deformation process
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Figure 2.9 Intensity from the rings in Fig 2-d straightened into azimuthalangle/scattering vector plot (top) and integrated diffraction pattern (bottom). The
dark shaded region above 5.8 Å-1 is missing coverage due to the rectangular detector
geometry
For each Ψ value, the matrix holds a conventional powder diffraction pattern. The
orientation of the scattering vector is given by Ψ in-plane, inclined by q out-of-plane
and allows for evaluating texture information of the sample. Note, however, that one
Debye-Scherrer ring represents only one ring on the pole figure as sketched in
Figure 2.10, which is by θ smaller than a great circle. The true two-dimensional
texture information can be obtained by rotating the sample around the vertical axis,
sweeping the ring correspondingly on the pole figure. The axis poles, however, are
not capped in this way, but since Bragg angles are small, almost full coverage is
given and together with pole figures of the different reflections, sufficient
information for an orientation distribution function is supplied.
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Figure 2.10 Full 111 pole figure of the deformed polycrystalline copper specimen.
The ring indicates the orientations corresponding to one 111 Debye - Scherrer ring
(low:blue; high:red)
The information from the Ψ–Q space can be evaluated with regards to different
aspects. Optionally, a numerical range in Q around a considered refection is chosen,
over which the intensity is integrated by summation and interpolated background
subtracted. This summation method delivers best intensity value for isolated peaks,
as it does not depend on a peak shape or lack of statistics at small intensities.
Alternatively, a Gaussian, Lorentzian or pseudo-Voigt function can be fitted in the
designated Q range, refining background, position, amplitude, width and area of the
reflection. The latter corresponds to the integrated intensity and should be similar to
the summation method. The evaluation of the position is more delicate and can have
two different contributions, namely from strain and the geometrical position of the
scattering volume in the sample. For continuous rings, Figure 2.8 (b), many grains
contribute and the scattering centre is just the centre of the illuminated sample
volume, so that strain ε = -ΔQ/Q can be directly evaluated. To avoid systematic
errors from the inaccuracy of the ring centre, it is advised to average
ΔQ = (ΔQ (Ψ) + ΔQ (Ψ +180°))/2 in the two opposite directions, which is equal to
the evaluation of the ring diameters rather than the ring radii. In coarse-grained
materials, Figure 2.8 (a), diffraction spots appear from individual crystallites, which
are not necessarily cantered in the illuminated sample volume. On lateral shift, the
ring centre position for this spot varies correspondingly. If mosaic is large and the
opposite reflection is found, evaluation of the ring diameter gives a more accurate
strain value while the difference (ΔQ (Ψ) – ΔQ (Ψ +180°)) in peak position is a
measure for the lateral displacement of the grain from the beam centre. If a grain is
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misplaced from the scattering centre along the beam direction, its effective distance
to the detector changes, leading to a variation in the appearing Q and care must be
taken to separate this systematic effect from lattice strain. One remedy is to change
the detector distance and follow the relative change of the radius. If this is not
possible due to time restrictions in an in-situ experiment, generally larger detector
distance D leads to smaller geometric error in Q. Therefore, a large far-field detector
placed in distance, is better than a high resolution detector positioned too close to the
sample. A combination of both has been developed in the three-dimensional X-ray
diffraction method, with the drawback that it is very time consuming and slow due to
multiple exposures.
2.1.5

Neutron diffraction data evaluation

Due to its smaller Ewald sphere radius, the curved area detector used in Wombat and
Echidna [5] only cuts part of the Ewald sphere, while the cover radian is determined
by wavelength and the distance between specimen and detector. Each image obtained
from this area detector provides us a three dimensional binary matrix with axes of
2θ, azimuthal angle (ψ) and diffraction intensity. Therefore, after essential correction
like straightening the curvature of detector and calibrating the background intensity
from collimator, it is ready to summate diffraction intensity along the azimuthal
angle and an original detector image has been transformed to a usual intensity – 2θ
diffraction pattern. In order to compare the results between synchrotron X-ray
diffraction and neutron diffraction, in current study, all diffraction intensity patterns
were plotted against reciprocal vector Q.
For texture measurements by neutron diffraction on Wombat, the specimen was
mounted on C-shaped Euler Cradle, specimen is rotated around χ axis with 15°/step
from 0° to 90°, at each step, specimen is rotated along its geometry axis (φ axis) for
3°/step from 0° to 360°. (Figure 2.7) As a result, 840 (120×7) diffraction images,
which correlated to a specific position (φ1, Φ, φ2, Bunge’s Euler angle expression) on
the orientation distribution map, were obtained after one specimen’s full texture
measurement. Next, each diffraction image was evaluated according to the process
described in the above section. With the help of the software “Materials Analysis
Using Diffraction (MAUD)”, the experimental measured diffraction patterns were
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refined by Reitveld method, the orientation distribution function was then calculated
and pole figures were plotted for different reflections.
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2. 2 Representation and measurement of texture
Crystallographic texture is an important property of metallic alloys, in which changes
during plastic deformation as well as heat treatments (due to recrystallization or
phase transformation) can occur. A material is defined to be textured if certain lattice
orientations are more frequent than others across the microstructure. In the case of
deformation-induced texture, the texture components occur because they correspond
to “stable” orientations of the lattice under the imposed deformation mode. The more
a polycrystalline aggregate is deformed, the greater the proportion of stable lattice
orientations with respects to other orientations and the stronger the texture, until
equilibrium is obtained. In polycrystalline materials, texture is defined as volume
fraction of a given volume element in orientation space. [6]
Generally, the texture is represented by an orientation distribution function, ODF,
which defines the probability f(g) that an elementary oriented volume dv presents the
lattice orientation g [6]. There are different methods, for instance, Bunge’s and Roe
(Matthies)’s notations were widely used in representing the grain’s orientation in
comparison with the referential orientations [7]. In the current study, the Bunge
convention is used to define individual lattice orientations based on Euler angles φ1,
Φ, φ2 which represent three successive rotations that must be applied to a crystal, to
bring the referential of the lattice in correspondence with the macroscopic referential.
Experimentally, the ODF of a material is normally either obtained from electron
back-scattering diffraction (EBSD) measurements, which provide the volume
fraction of each orientation in the mapped area, or from pole figures produced from
X-ray or neutron diffraction [6].
There are a number of ways to present the texture obtained from experiment or
simulation. The most common way is to visualize pole figure using an equal-area
projection. Pole figures are partial representations of the texture, as several pole
figures are required to compute the ODF, but they are often easy to interpret [6]. In
the current study, most of the texture results are presented in this way, especially for
qualitative comparisons of texture evolution during in-situ observation. The second
way is to plot the orientation intensity across a given section of the orientation space,
where one of the Euler angles keeps a constant value, for example, φ2 = 45º [6]. The
angle φ1 evolves increasingly from left to right and the angle Φ evolves decreasingly
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from top to bottom. This method is also called section ODF. The section ODF of
TWIP steel processed by compression (Figure 4.12) is an example of this method.
2.2.1

Texture measurement by x-ray diffraction, neutron diffraction and
electron diffraction

Many methods have been used to determine preferred orientation. Metallurgists have
used a reflected light microscope to determine the orientation of cleavages and etch
pits [7]. With advances in image analysis, shape preferred orientation could be
determined quantitatively and automatically with stereological techniques. However,
in this thesis, texture measured by diffraction techniques was the focus. Lab X-ray
diffraction and electron back scattering diffraction are often used in characterizing
materials texture with the depth of few ten micrometers. In order to obtain
information about the texture of a material from the bulk rather than from the surface
only, high-energy X-ray and neutron diffraction techniques are often used. Neutron
diffraction offers some distinct advantages, but is not generally available. Electron
back scattering diffraction is gaining interest because it permits one to correlate
microstructures, neighbor relations and texture [7]. The advantages and limitation of
these three methods will be compared later in the following paragraph.
Conventional laboratory X-ray source produces a broad beam with relatively low
intensity. In a synchrotron, a narrow beam of monochromatic X-ray photons can be
focused on a small fine-grained polycrystalline sample. The diffraction pattern is
recorded with a CCD camera that provides digitized intensities with a high spatial
resolution and a wide dynamic range, within a few seconds (Figure 2.11). Diffraction
from a powder is recorded as a set of concentric Debye rings. If the sample has
texture, the rings, corresponding to a lattice planes hkl, have intensity variations. [7]
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Figure 2.11 Local texture measurement with a high-energy synchrotron beam. A
small sample is irradiated with high intensity monochromatic X-rays and produces
Debye-Scherrer rings with intensity variations that are recorded with a 2D positionsensitive detector [7].
In addition to X-rays, neutron radiation can be used for diffraction experiments.
Neutron diffraction was first applied to texture characterization in 1953 by
Brockhouse and offers several advantages, mainly low absorption, high angular
resolution and a magnetic signal [7]. Neutron diffraction is advantageous for
determination of complete pole figures in coarse-grained aggregates and allows
determination of magnetic pole figures. The most noticeable advantage of neutrons,
is that bulk samples rather than surfaces are measured, in which coarse-grained
materials can be characterized by a large illumination volume, with environmental
cells (heating, cooling, straining) that are available [7]. It is possible to measure
complex multi-phase composites with many closely spaced diffraction peaks.
Specifically with neutrons, texture measurements average over large volumes and
homogeneity must be assumed. However, although neutron diffraction is more
reliable, researchers have to write proposals for a few days of beamtime a number of
months in advance [7].
In the recent 15 years, electron back-scatter diffraction (EBSD), attached to SEM
instruments, have become a new technique for texture measurements. Different with
synchrotron X-ray or neutron diffraction, they allow for determination of local
orientation correlations. Determination of individual grain orientations has
advantages for orientation distribution calculations, because of the absence of
ambiguity which is inherent in pole figures. So far, it remains confined to samples
with few defects and moderate deformation [7].
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In current study, the textures of deformed specimens were measured by high-energy
X-ray diffraction from synchrotron source, also by neutron diffraction measurement
for re-examination. Diffraction data is collected, analyzed and plotted via computing
program developed by K.-D. Liss and K. Yan [3]. In addition, a new technique, the
so-called E-WIMV Rietveld refinement, is able to obtain texture from an individual
2D synchrotron diffraction image. This technique is used to follow the change of
texture during plastic deformation of TWIP steel in the current study. The details of
E-WIMV Rietveld refinement are shown in section 2.2.2.
2.2.2

Texture analysis with individual synchrotron diffraction image

The wide availability of X-ray area detectors provides an opportunity for using
synchrotron radiation based X-ray diffraction, for the determination of preferred
crystallite orientation in polycrystalline materials [8]. These measurements are very
fast compared to conventional lab source XRD and EBSD. The texture information is
measured and interpreted as the diffraction intensity variants along Debye-Scherrer
rings in diffraction images. For most cases, diffraction studies focussing on the
effects of texture on materials properties, often require the full orientation
distribution function (ODF), which can only be obtained from spherical tomography
analysis [8]. For material with high crystal symmetry, for instance cubic and
hexagonal crystal structure, the partial ODF can be reconstructed from single
diffraction images. Combined with area detectors, this reconstruction method makes
the measurements fast enough to study orientation changes during phase
transformations, recrystallization and deformation in-situ, and in real time [8].
This

new

method

focuses

on

macroscopic

texture

measurements

with

monochromatic synchrotron radiation, in combination with X-ray area detectors in
the Debye-Scherrer transmission geometry, which is presently the fastest technique
available to measure the ODF of a bulk material [9]. Diffraction images obtained
from X-ray CCD detectors or image plates, contain texture information in the form
of systematic intensity variations along Debye rings associated with specific
reflection hkl, as well as the correlations of these variations between different
reflections, that been detected in the same diffraction image. Data reduction and
analysis include the following steps [10,11]:
Step 1: Generally images need to be corrected for spatial distortions.
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Step 2: Determination of the integrated relative intensities of a Bragg reflection
obtained at different tilt angles as a function of the polar angle on the Debye ring.
Step 3: Conversion of the intensity data from diffractometer coordinates into polefigure coordinates.
Step 4: Calculation of the ODF from a set of incomplete experimental pole figures.
In the current study, steps 1 and 2 are finished by self-developed script, while step 3
and 4 are completed by the algorithm E-WIMV enclosed in computer program
MAUD. Diffraction image is first be sliced to 180 sections, each representing
diffraction information of Ψ = 0, 2, 4, …, 360º. Using the Rietveld method, MAUD
first simulates the diffraction pattern to match the diffraction profile from each slice.
Then, through E-WIMV algorithms, intensities of at least 10 reflections for each
phase have been used as input data for calculating ODF of this diffraction image.
Also in thesis, this method is used to track the change of texture during a tension test
of TWIP steel in-situ. The texture at each stage of plastic deformation is applied in
VPSC model, which is introduced in section 2.3. The outcome of the simulation
work is the activities of different deformation mechanisms, for TWIP steel the
mechanisms are slip on {111} plane <110> direction and twinning on {111} plane
<112> direction.
2. 3 Self-consistent modelling
2.3.1

The Elasto-Plastic Self-consistent model (EPSC)

Starting from the concept of Schmid factor, which is a purely geometrical
relationship between the corresponding deformation mode and the direction of force
[12], materials researchers dedicated themselves to simulating plastic deformation
processes of metallic materials in the past century. The well-known Sachs model
[13], which assumes the stresses in grains are constant and equals to the external
global stress, and the Taylor model [14], which assumes the strains in grains are the
same and equals to the external strain, were developed to bridge the stress-strain
situation of single crystal to polycrystalline material. However, the Sachs model
causes strain incompatibility between grains, while the Taylor model violates the
stress equilibrium across grain boundaries [15]. The former predicts a lower bound to
the polycrystal flow stress, the latter, which requires five independent slip systems to
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be active in each grain, provides an upper bound to the flow stress [15]. Credit to
Eshelby’s equivalent inclusion theory [16], a self-consistent model is able to take
into account both the strain compatibility and stress equilibrium across the grain
boundary by representing the interaction between inclusions and grain boundaries
[15]. Early self-consistent models such as Kronser [17] and Bundiansky and Wu [18]
assume isotropic elasticity and use fully elastic coupling between the grain and the
matrix, predicting only very low deformation heterogeneity [15].
Based on the Hill’s self-consistent approach [19] and Hutchinson’s formulation [20],
the Elasto-Plastic Self-Consistent (EPSC) model was developed and allows the
interaction between the individual grain and the matrix to be modeled in a more
realistic way [15]. Based on the active slip and twinning systems of single crystal,
grains original orientation distribution and applied stress state, the EPSC predicts the
development of internal stresses and the macroscopic mechanical response of
polycrystalline material, as it is deformed in the elasto-plastic regime [15]. The
EPSC model of Tome et al [21] is used in this thesis to study the evolution of
internal strains in twinning-induced plasticity steel. A brief introduction of this
model is given below [15]:
In the EPSC model, each grain that contains its anisotropic elastic and plastic
deformation characteristic, is treated as an ellipsoidal inclusion embedded in a
Homogenous Effective Medium (HEM), that has the average properties of all grains.
Interactions between individual grains and the HEM are calculated by the Eshelby
tensor. At each stress strain increment, the algorithm of EPSC model calculates the
instantaneous elasto-plastic stiffness L of the HEM, from which all other quantities
can be calculated. However, this value cannot be calculated directly and must be
solved by iteration. The initial value of L is taken as that of the previous step. From
the old L value and assuming slip occurs on all the potentially active systems, the
•

stiffness of individual grain Lc, the shear strain rate γ and the shear stress τ on slip
system s in each grain can be determined. The following criteria must be satisfied to
activate this slip system [15]:
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stress rate in an individual grain τ is the critical resolved shear stress and τ is the
critical resolved shear stress rate for slip system s. The above equations demonstrate
that for a system to be deformed by slip, the resolved stress must originally be on the
yield surface (Equation 2) and remain on the yield surface facet (Equation 3)
corresponding to that system during the incremental step. If the conditions of above
equations in a grain are violated, the slip system under consideration is rejected and
Lc is recalculated, this procedure is repeated until all the potential slip systems in all
the grains are verified. The average value of L is then calculated and used for the
next iteration. This procedure continues until a convergence in L is obtained. From
this determined L, the stress and strain increments of the bulk material and of the
individual grain orientations are calculated. [15]
The hardening of a slip system is expressed by a Voce type hardening law [22]:

τ s = τ 0s + (τ 1s + θ1s Γ)(1− exp(

θ 0s Γ
))
τ 1s

(4)

Where τ 0s , τ 1s θ 0s and θ1s are hardening parameters for the slip system s, Γ is the
accumulated shear strain in the grain. Taking into account the self and latent
hardening, the increment of the threshold stress of a slip system due to shear activity
in a grain is calculated by:

Δτ s =

dτ s
h ss'Δγ s'
∑
dΓ s'

(5)

Where hss’ represents the obstacles that the shear of dislocation on system s’, Δγ s'
causes for the propagation of dislocation on system s [23].
Using the EPSC model to simulate the deformation behavior of material, the input
files include the crystal properties like elastic constant, coefficient of thermal
expansion, deformation modes such as slip and twinning; the discrete grain file,
which includes the overall grain shape and individual grain orientation; and the
process file, which define the deformation schedules and the boundary conditions
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[15]. The output files include the macroscopic stress-strain response and the lattice
strain evolutions of the selected grain families, which are compared to the
experimental results. More importantly, the EPSC model provides the relative
activities of different deformation modes, for instance slip and mechanical twinning
in the twinning-induced plasticity steel in the current study. Unfortunately, the EPSC
model does not calculate the grains orientation change caused by slip or twinning. In
reality, lattice rotation may cause local stress relaxation and change the stress strain
state in an individual grain, further, lattice rotation may bring slip systems, which are
originally in a hard to deform orientation, into a preferred orientation for certain slip
system [15]. In order to estimate the deformation behavior of materials involving
twinning in the plastic region, the Visco-Plastic Self-consistent (VPSC) model has to
be used, which will be introduced in the following paragraphs.
2.3.2

The Visto-Plastic Self-consistent model (VPSC)

Similar to EPSC, VPSC is also a computer code written in FORTRAN 77 which
simulates the plastic deformation of polycrystalline aggregates [23]. As it is
illustrated in the manual of VPSC modeling program [24], “VPSC was developed for
application to low-symmetry materials (hexagonal, orthorhombic), although it also
performs well on cubic materials. VPSC accounts for full anisotropy in properties
and response of the single crystals and the aggregate. It simulates the plastic
deformation of aggregates subjected to external strain and stress. VPSC is based on
the physical shear mechanisms of slip and twinning and accounts for grain
interaction effects. In addition to providing the macroscopic stress-strain response, it
accounts for hardening, reorientation and shape change of individual grains. As a
consequence, it predicts the evolution of hardening and texture associated with
plastic forming.”
To use this code, users need to prepare the following files [24]:
• Initial crystallographic texture (grain orientations and weights);
• Single crystal properties (active slip and twinning systems, their critical resolved
shear stresses, and the associated hardening parameters);
• Initial morphological texture (initial grain shapes and shape orientations);
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• Boundary conditions (overall velocity gradient components, or overall stress
components)
• Parameters controlling convergence, precision and type of run;
• Optional input: strain history, rolling components, previous state of grains.
As a result, the output data of this program includes:
• Final crystallographic and morphologic texture of each phase after deformation;
• Evolution of the stress and strain components during deformation;
• Statistics of slip and twinning systems activity during deformation;
• Statistic over grain stress and strain-rate components and their standard deviations.
In current study, texture from as-received material was used as input data and
compared with the output texture data with experimental measured texture, for
validating the correctness of activities of deformation mode, which are slip and
twinning in TWIP steel. Also, macro strain-stress curve is another criteria that
needed to be satisfied.
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3

DEFORMATION MECHANISMS OF SIMPLE FCC MATERIAL AT
ROOM TEMPERATURE INVESTIGATED BY SYNCHROTRON HIGHENERGY X-RAY DIFFRACTION

Plastic deformation in metals is inherently linked to the microstructure of materials
defining their mechanical properties and thermal behavior. The in-situ evolution of
embedded bulk grains of copper during the plastic deformation process of cold
uniaxial compression has been analysed in this work. Original coarse grains break up
into sub-grains and depending on their initial alignment, rotate into their preferred
orientation, merging finally into a continuous texture. In contrast to previous
investigations, the study shows not only the starting and final conditions, but the full
evolution of the microstructure.
3. 1 Introduction
Structural materials, such as metals, ceramics and their composites are most often
polycrystalline. The nature, morphology and composition of their microstructure
determine, in large measure, the mechanical properties of the final product and the
art to design novel materials is to find particular arrangements which make them
harder, more shock absorbing, heat resistant or self-recovering upon damage and
aging. The understanding of the basic processes and their interplay in a
polycrystalline structure are most important, for improved simulation of plastic
deformation and to predict their thermo-mechanical behavior.
Here an in-situ study of cold plastic deformation of coarse-grained copper is
presented, which provides new insights into the real-time evolution of the
microstructure. Conventional metallographic design is based on thermo-mechanical
simulation and retrospective investigations, usually employing optical and electron
microscopy, as well as conventional X-ray and electron diffraction. These (near-)
surface sensitive investigational tools require accurate cutting and preparation of
specimens and information of bulk behavior is usually obtained by laborious serial
layer-by-layer sectioning. High-energy X-rays and neutron radiation, however, have
the advantage of deep bulk penetration into the material. While the brilliance of
synchrotron light allows narrow, well-collimated beams to distinguish between
individual crystallites, overall information and good statistical averages are better
obtained with neutrons.
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3. 2 Experimental procedures
A schematic illustration of the diffraction setup used in this study is presented in
Figure 3.1. High-energy X-rays with 87.8 keV photons available at Beamline ID15B
of the European Synchrotron Radiation Facility was used to probe the bulk of the
material. Copper specimens of Ø 3 mm and 4.5 mm height with a grain size of
~300 µm were positioned in a load frame and diffraction patterns taken every 0.5 s,
probed by a 0.1 × 0.1 mm2 beam while undergoing continuous compression from
4.5 mm to 2.4 mm with strain rate of 0.001/s.

Figure 3.1 Schematic illustration of the in-situ diffraction set-up. High energy X-rays
impinging from the right scatter at the sample while Debye-Scherrer rings with
azimuthal angle γ were recorded by an online 2D detector in transmission geometry.
The cylindrical sample was subjected to external stress by the load frame.

Figure 3.2 To be continued
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Figure 3.2 Two-dimensional X-ray diffraction patterns (dark is high intensity). (a)
Following compression to ε = -0.06 spotty Debye-Scherrer rings appear from a small
number of crystallites. (b) Upon further plastic deformation (ε = -0.48 in this
instance) the spotty rings evolved into continuous, but textured rings.
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Figure 3.3 The intensities of 5 selected Debye-Scherrer rings plotted in dependence
of azimuthal angle γ and with longitudinal L and transverse direction T marked. The
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range T±16° in e) is shaded off due to the limited size of the detector. Engineering
strain ε is shown on the right. Dark is high intensity.
3. 3 In-situ observation of polycrystalline copper during compression test
Two of the diffraction patterns are reproduced in Figure 3.2, obtained after 50s (ε = 0.06) and at the end (ε = -0.48), showing the evolution from a spotty pattern with
well separated reflections stemming from single crystallites to continuous rings
modulated by the texture of the material. The initial patterns (ε = -0.00) are even
sharper and therefore difficult to reproduce for this presentation. Azimuthalangle/time plots were obtained by cutting the ring patterns at the 9 o’clock position,
then reproducing the azimuthal intensity distribution on a selected ring into one line
at each time step. Figure 3.3 shows the obtained plots for the first 5 reflections. At
time t = 0, only very few spots are diffracted, stemming from the limited number of
crystallites in the illuminated volume. Since the sample was annealed, crystallites are
perfect and the reflections correspondingly sharp. It can be expected that not all
crystallites fulfill the Laue condition for reflection, i.e. only a smaller number of
crystallites have their reciprocal lattice vector G matching the Ewald sphere. All the
other crystallites do not reflect. Little activity occurred within the first 28s during
which the specimen mainly settled between the compression jaws. Then, azimuthal
peak broadening was observed, during which the intensity of the individual spots
spreads on the Debye-Scherrer rings. Additional spots appearred, mainly between
30s and 100s, stemming from reflections which were originally slightly off the
Ewald sphere and subsequently moved into the reflection condition due to the same
peak broadening effect, which is attributed to subgrain formation and the increase of
the mosaic spread of the crystallites. Depending on the orientation with respect to
transverse (T) and longitudinal (L) direction, some of the timelines were inclined,
revealing grain rotation around the beam axis due to the plastic deformation process.
Eventually, the reflections broaden over many 10º and overlapped, merging into the
final texture of the material.
While only a few spots from individual crystallites occurred initially (Figure 3.2a),
continuous but textured rings evolved as deformation proceeds (Figure 3.2b).
Initially, it appears that the single-crystallite reflections broaden azimuthally, due to
an increase of mosaic spread, presumably by the creation of subgrains through the
development of dislocation structures [2]. In a simple model, the mosaic of a single
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grain broadens conically in both dimensions of orientation space. Grains that
originally had reciprocal lattice vectors lying slightly off the Ewald sphere, move
into a Laue diffraction condition and reflect. Such a process is represented by the
appearance

of

many

reflections

after

~40 s

(ε ≈ -0.04)

of

deformation.

Simultaneously, some of the reflections move sideways in azimuthal angle. This
behavior is interpreted as a direct observation of grain rotation [3] into the preferred
orientation inherent to plastic deformation. At some stage of deformation (after about
100 to 250 s; ε ≈ -0.06 to -0.15), intensities from neighboring crystallites merged into
a continuous Debye-Scherrer ring and single grains could not be separated any
longer. The rings now become continuous, but modulated and subgrains formed.
For an independent check, the global texture of the deformed sample was measured
with neutrons at the Kowari instrument of the OPAL reactor and the 111 pole figure
reproduced in Figure 3.4. The fiber texture shows a minimum in the L direction and
two maxima 34º and 90º (= T) off the fiber axis, which corresponds well to the
intensity distribution at t = 500 in Figure 3.3a. For clarity, the trace of the reciprocal
lattice vector distribution of this Debye-Scherrer ring is indicated in Figure 3.4,
which is close to a great circle, but parallel off by the Bragg angle of θ = ~1.9º.
Altogether, the texture approaches asymptotically the distribution known and
simulated in literature [10], which would be reached upon infinite, compressive
strain and be expressed in a fully symmetric pattern of Figure 3.2b along L.

Figure 3.4 The reconstructed 111 pole figure from a full texture measurement,
indicating schematically a line of measurement obtained from one Debye-Scherrer
ring, for example the inner-most ring of Figure 2b. Dark is high intensity.
It is interesting to follow the merging of differently oriented grains into the final
texture. If grains were arbitrarily oriented, for example with the (111) plane normal
in the 70°-80° and 100°-110° regions in Figure 3.3a, they rotate away from the
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longitudinal direction into the preferred orientation of 56°. A similar process
appearred to form at the second texture maximum in the T direction at 0° and 180°.
Grains that were already oriented close to those directions did not rotate much,
however they develop subgrains due to the imposed plastic deformation. In particular,
a strong mosaic spread evolves in the T±56° directions, indicating slip planes and
deformation bands were highly activated. Grains oriented with the normal of (111)
planes along the longitudinal stress direction L (90° and 270°) were in an unstable
equilibrium in which the slip system of that plane was not activated. Therefore, these
grains do not rotate. Subgrains, however, are formed through the deformation
systems of the other {111} planes, creating symmetric mosaic spread of several
degrees. Finally, the subgrains take over the role of individual grains and merge into
the preferred orientation maxima at T±56°.
The final texture shown in Figure 3.4 is not yet axial-symmetric with respect to the
uniaxial load axis. However, it is close to the ultimate deformation texture in Cu,
which indeed would show axial symmetry [7]. Starting from very anisotropic and
arbitrary orientations of a few single grains, the asymptotic texture is approached but
not yet achieved, which is expressed in the observed anisotropy. For example, the
grains reflecting 111 to the 230° position or 220 to 18° are still over-represented after
the compression process. In Figure 3.3, symmetry around the L directions would be
necessary for a total axial symmetry. Upon further compression – in the limit of
infinite compression, the system should be independent from the starting conditions
and evolve to its axial symmetric asymptote.
3. 4 In-situ observation of single crystal copper during compression
The characterisation was further investigated upon compression of a single
crystalline copper sample, which was wire-cut in an arbitrary direction from a
specimen of more than 10 mm grain size. Such a single crystal was equally mounted
into the load frame and subsequently pre-aligned, by rotation around the vertical axis
before compression started. A series of diffraction spots can be seen in the initial
condition, Figure 3.5a. The cross denotes the centre of the transmitted beam, the
origin of reciprocal space and the bar lengths of the cross-scales to 1Å-1. The
longitudinal direction L for subsequent compression is vertical as indicated. The
strongest reflection lies on the Cu-200 ring with G200 = 3.48 Å-1 and is indexed 200.
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Perpendicular lies 020, spanning the reciprocal lattice of the single crystal and
allowing indexing all other observed reflections. The obtained orientation matrix
determines the direction of L close to a <420> axis. This highly symmetric reciprocal
lattice plane was selected by the pre-alignment. Reflection 200 was strongest because
it matches best the Ewald sphere, which is tilted by the Bragg angle of θ = ~2.2º
towards 200. The mosaic spread of the crystal is large enough, to match 220 and

210 and weakly 020, 020 and 400 to the Ewald’s sphere, while the opposite
direction is further off, i.e. 200 by ~4.4º. From this, it was estimated that the mosaic
spread was less than 2º and indeed, the azimuthal spread of the 220 reflection is
1.5º. Figure 3.5b shows the situation after compression to ε = -0.075, where many
additional reflections of the reciprocal lattice became visible. It is also observed, that
the reflections broaden in the azimuthal direction, i.e. they spread out on the DebyeScherrer rings, to a more or less uniform distribution of up to ~8º. This is due to the
mosaic spread originating from the defects introduced by the plastic deformation
process. Well known as such are dislocations and dislocation cells [11], introducing
small angle boundaries between the subgrains, forming the mosaic blocks of the
single crystal and a characteristic orientation distribution. The situation is
demonstrated in Figure 3.6, with an incident wave vector k0 impinging the origin O
of reciprocal space and reciprocal lattice vector G lying on the Ewald sphere S
fulfilling the Laue condition kG = kO + G for reflection. The opposite reciprocal
lattice vector –G, however, lies by 2θ off the Ewald sphere and the reflection is not
excited initially. In a powder sample, the scattering vector orientation distribution for
the considered reflection would lie on the cone C on S. As mosaic spread increases
within some distribution η around the reciprocal lattice points, scattered wave
vectors are excited in the intersection of η with C leaving a trace TG along the
Debye-Scherrer ring. In particular, when the mosaic spread overcomes the
misalignment of –G, 2θ in this case, the reflection appears with a shorter than
maximal trace T-G. More and more reflections subsequently intersect the Ewald
sphere according to their distance from it and their geometry in the second
dimension. Eventually, reflections like the 331 in Figure 3.5b, out of the plane
spanned by 200 and 020 and lying in the third dimension of reciprocal space,
intersect and appear. The grain breakage has further evolved at ε = -0.15 in Figure
3.5c, where the mosaic distribution became more inhomogeneous. Particularly, the
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azimuthal wings are asymmetric and their centres deviate into a counter-clockwise
sense, stemming from a rotation of the whole into the direction of preferred
deformation orientation.

Figure 3.5 Two-dimensional diffraction maps for different compression states of
single crystalline copper.
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Figure 3.6 Reciprocal space construction for diffraction on a mosaic crystal.

Figure 3.7 Magnified extracts from features in Figure 3.5, revealing mosaic cones C,
P and grain rotation R.
From the above, we can now magnify to analyse those features appearing in the
timelines from Figure 3.3 of the polycrystalline copper sample. The 222 spot at
azimuthal-angle ψ = 90º, Figure 3.3e, reproduced as feature B in Figure 3.7c shows
smooth broadening, linear with deformation. As in the single crystal case, this
corresponds to the formation of subgrains leading to angular distortion of the initially
flat and parallel lattice planes of the whole grain. These can be dislocation walls,
cells, and so forth, leading to small angle subgrain boundaries. The mosaic spread
increases linearly as a function of time and strain, i.e., the angular distortions add up
upon further deformation. Since the subgrains are fine and many in the illuminated
volume, they cannot be distinguished in the present setup; however, there may be
intensity distributions within the mosaic cone revealing preferred deformation
channels. Some reflections appearing later upon progressive deformation, such as

53

around ψ = 300º, magnified and marked P in Figure 3.7a, show a hyperbolic rather
than linear evolution with time and strain. In this situation, the reflection lies initially
off the Ewald sphere as discussed for the single crystal and appears while the mosaic
spread broadens linearly. The intersection of the (locally flat) Ewald sphere with the
mosaic cone in angle/time space leads to a conical C which is a hyperbola P and a
linear opening for off-cantered and cantered reflections, respectively. Concluding
this to a first order approximation, angular distortions of the subgrains evolve
linearly with deformation in both dimensions of orientation space.
Apart from a few special cases, the timelines are inclined in the azimuthal-angle/time
plots. The 200 reflection at ψ = 152º is magnified in Figure 3.7b broadening into a
conical C as discussed, by asymmetric, resulting in a net shift on the azimuthal-angle
scale, which corresponds to a grain rotation R projected to a plane perpendicular to
the incident X-ray beam. Spots from other grains, such as on 222 at ψ = 105º and on
111 at ψ = 283º, featured R in Figure 3.7c and a, show predominant rotation while
mosaic broadening occurred on a lesser scale. It may also be apparent, that the
envelope first spreads linearly and then narrows again while the intensity fades away,
which is seen for example on 200 at ψ = 320º. In this case, the grain rotates away
from the Ewald’s sphere.
The scenario of the evolution from single grains to texture can be described as
follows. Initially large (300 µm), near-perfect crystal grains lead to few, sharp spots
on the Debye-Scherrer rings. Upon compression, dislocations and dislocation
structures are continuously introduced creating angular distortions, so-called mosaic
spread, increasing linearly with the plastic strain. The intensity distribution is smooth
within the mosaic spread indicating a fine subgrain structure (≤ 1 µm). Some of the
grains rotate to conform to slip deformation, depending on their initial orientation
with respect to the preferred orientation. Each final texture maximum has a zone of
attraction from which the timelines converge. Some special points in orientation
space are those, which lie already in a maximum of minimum of the asymptotic
texture, leaving such oriented grains in a stable or instable equilibrium, respectively.
The rotational stable grains just broaden in mosaic spread and eventually merge into
the texture. An example is given on 111 at ψ = 54º or on 220 at ψ = 18º. Grains in
instable orientations, such as on ψ = 90º spread extensively in mosaic, caused by slip
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on the three other {111} systems and competitive subgrain rotation into the preferred
orientation, diluting the intensity in the texture minimum.
3. 5 Conclusions
In summary, it has been demonstrated in an unprecedented way that cold plastic
deformation in copper evolves at the level of individual grains. The data obtained
from the experimental program, provided insight into the detailed evolution of the
microstructure during the deformation process. The experiments verified the premise
that the deformation behavior of individual grains can be studied in a multi-grained
sample. This new experimental technique and the evaluation procedure itself are of a
generic nature, allowing the study of grain evolutions in almost any crystalline
material. Moreover, the technique and analysis can be applied to in-situ studies of
other related processes, that occur during plastic deformation such as dynamic
recrystallization [8]. The concept of in-situ observations by the use of modern
diffraction techniques is still in its infancy in physical thermo-mechanical simulation
studies [9] and these techniques should be implemented at synchrotron or neutron
facilities, in order to provide in-time analysis of deformation processes.
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4

INVESTIGATION OF DEFORMATION MECHANISMS FOR
TWINNING-INDUCED PLASTICITY (TWIP) STEEL BY HIGHENERGY X-RAY DIFFRACTION

Following the in-situ investigation of pure copper, the author studied the deformation
mechanisms of a more sophisticated material, twinning-induced plasticity steel
during uni-directional tensile, uni-directional compression, shock load compression
and high-pressure torsion via synchrotron high-energy X-ray diffraction. Selfconsistent models, including Elastic-Plastic Self-consistent (EPSC) model and Viscoplastic Self-consistent (VPSC) model are used to predict the activity of {111} <110>
slip and {111} <112> twinning. Texture components measurement is also applied in
analysing how twinning and slip reacted to shock loading. Finally, ideal shear texture
component theory is put in use for studying the deformation mechanisms of TWIP
steel during high-pressure torsion.
4. 1 Introduction and literature review
In this section, a brief introduction is presented for twinning-induced plasticity
(TWIP) steel, which includes industry application, deformation mechanisms and
crystallography. The introduction is followed by a brief literature review of the latest
research results, with respect to microstructure and deformation mechanisms during
plastic deformation of TWIP steel. After this, a summary of the content of this
chapter is listed.
4.1.1

Background of twinning-induced plasticity steels

Twinning-induced Plasticity (TWIP) steel, invented 13 years ago by Professor Georg
Frommeyer, Head of the Department of Materials Technology at Max Planck
Institute for Iron Research (MPIR), has been engineered for enhanced ductility to
absorb energy in the event of a vehicle collision, while maintaining its stability and
strength to protect the passenger cabin. Comprising about 20% manganese and small
quantities of carbon, aluminium and silicon, TWIP steel can be stretched by up to
90% of its length at room temperature without breaking [1]. Due to its high
hardening rate – the increase of strength with increasing deformation, the
deformability of TWIP steel is more quickly exhausted compared with other new
developed high-strength steels, such as transformation-induced plasticity (TRIP)
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steel, Dual-phase (DP) steel and high ductility interstitial free (IF) steel [2]. Figure
4.1 shows strength-elongation relationships for these steels. With similar
compositions, TRIP steel, which has been on the market for about ten years, has a
tensile strength of up to 700 MPa. However, its ductility is moderate, up to 30%.
With maximum 70% elongation at room temperature, IF steel can only sustain
~ 400MPa tensile strength; DP steel possess excellent strength up to 1200 MPa with
very limited elongation of 10%. [1]
Another outstanding feature, which makes TWIP steel an ideal candidate material for
automobiles, is its excellent energy absorption ability during vehicle collision. This
is attributed to its deformation mechanism of mechanical twinning resulting in a high
work hardening rate. In addition to the excellent mechanical properties, TWIP steels
are 5 to 6 % less dense due to alloying element Manganese. Although it depends on
how automobile manufacturers use the material, weight savings of between 10 and
20 % can be made for the car body and 30 % for certain components.

Figure 4.1 A comparison between the strength-elongation relationships for DP, TRIP
and TWIP steels [1]
The TWIP effect is also important for the steel used in vehicle construction. A
vehicle has various crash components – for example, in the engine compartment,
which is designed to crumple in a collision by absorbing a lot of energy. That is
precisely what the TWIP steels do with their unique ductility. Their ability to absorb
impact energy extremely quickly is even more important. The TWIP effect manifests
itself even in high-speed collisions. However, the movement of dislocations depends
on the impact velocity and deformation rate of the car body components. The more
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violent the collision, the less they propagate. In extreme cases, the steel fractures
when it is unable to absorb any more energy. The ability of TWIP steel to deform
quickly, is of particular interest for automobile manufacturers [2].
As implied by its name, the main feature of the deformation process in TWIP steels
is twinning and the ductility stems from stacking faults in the crystal lattice. As an
extra two stacks of atomic planes are introduced to the lattice from above, it disturbs
the regular sequence of the atomic planes and forming a stacking fault on a mirror
plane and creating regularly mirrored sections of crystal [2]. This effect is called
twinning, which manifests itself externally as extreme ductility. Twinning also leads
to high local hardening. Therefore, once a particular volume of steel has started to
deform, its yield strength rises, such that deformation spreads out to neighbouring
volumes. The full material participates in energy absorption [2].
More specifically, a stacking fault is one or two layer interruptions in the stacking
sequence of the crystal structure. These interruptions carry a certain amount of
energy, which is called stacking fault energy (SFE) [2]. When the SFE is high, the
dissociation of a perfect dislocation into two partials is unlikely and the material
deforms only by dislocation glide [3]. Lower SFE materials display wider stacking
faults and have more difficulties to cross-slip and climb. If the stacking fault energy
is too high, twinning will not take place [2]. In this case, the steel will deform by
moving dislocations in the crystals caused by unordered microscopic faults in its
structure. The steel can still be shaped, but ductility is much reduced, as the
dislocations soon block each other and prevent any further deformation, hence the
material fractures. The stacking faults modify the ability of a dislocation in a crystal
to glide onto an intersecting slip plane. For example, the stacking fault energy in a
Fe-25Mn-3Al-3Si alloy is so low that twinning is quickly initiated and the material
starts to deform at about 300 MPa [3].
Like most steels, TWIP steel was invented by the addition of alloying elements to
iron. Adding of manganese, silicon and aluminium change the crystal lattice structure.
When a force acts on TWIP steel, it may accommodate mechanical twinning or a
phase transformation to a hexagonal structured martensite, depending on the
deformation temperature, loading rate and direction, the original texture etc. Also,
SFE changes dynamically during deformation.
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4.1.2

Literature review of deformation mechanisms for TWIP steel

For the last 10 years, the twinning-induced plasticity (TWIP) effect has attracted the
attention of many researchers and has been investigated intensively. Either
experimental tests or physical models have been developed to uncover the
deformation mechanisms of TWIP steel. It is a well-accepted fact that the excellent
mechanical properties are due to the formation of mechanical twins during plastic
deformation. Specifically, previous studies were aimed at understanding the
following questions:
• Where does high strength of TWIP steel come from?
It is well received that the high strength and excellent ductility is derived from
mechanical twinning during plastic deformation of TWIP steel. Sevillano [3] states
that the whisker-like, nanometres scale twin lamellae contribute to the strength of
this material.. This author also presents a new concept, geometrically necessary
twins, which has to be stored in order to accommodate plastic strain gradients,
complementing or substituting the geometrically necessary dislocations that fulfil
this function in materials deforming exclusively by crystallographic slip. Both
geometrically necessary dislocation and twins will contribute to strain gradient
hardening and the geometrically necessary twins will be responsible for size effects
consequently. The contribution of the twins is a necessary requirement imposed by
their lamellae geometry: they are quasi-continuous across the matrix domains and
therefore they must suffer the same in-plane displacements developed by the matrix,
in order to maintain compatibility at the interface. Twin lamellae are under forward
internal stress and the matrix is under back internal stress.
• How twins are originated and the activity of twinning at different stages of
deformation?
Different from the models proposed above, which are speculated by mathematical
calculation and evidenced by observation from TEM, Barbier et al. [4] further
confirm the high strength of TWIP steel is due to twin-slip interactions through
comparing Kikuchi Pattern Quality (KPQ) of grains with different deformation level.
Barbier et al. [4] explored the contribution of EBSD to characterizing the twinning
microstructure in fine-grained 22Mn-0.6C TWIP steels and discussed the influence
of twinning on the remarkably high work hardening during a tensile test. The nano-
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twins were revealed by grey variations on the Kikuchi Pattern Quality (KPQ) map.
By comparing two EBSD maps at different deformation levels, it allows one to
qualitatively appraise the evolution of the twinning activity. With increasing
deformation, dense bundles of nano-twins developed, whose orientations can be
measured by EBSD. Following this investigation, Barbier et al. [4] describe the
plastic deformation process of TWIP steel as follow: “The onset of twinning in the
largest grains coincides with an increase in strain hardening at 0.02 true strain. This
increase is probably promoted by strong twin-slip interactions. The subsequent
decrease in strain hardening is concomitant with the pile up of dislocations that is
formed form sub-boundaries that inhibits further twin formation. The twins generated
in the initial stages of deformation have decreased the grain size, and consequently a
higher stress is required to generate new twins. A second constant strain-hardening
regime is then promoted by the restart of the twinning activity with increasing
deformation. The formation of a secondary twin system, within a large number of
grains, is even more efficient for reducing the mean free path of dislocations. “
• What is the effect of twinning and dislocation gliding on texture?
Texture components evolution of deformed TWIP steel can be quantitatively
characterized either by X-ray diffraction or electron backscattering diffraction.
Vercammen et al. [5] have shown that with increasing strain during cold rolling of
Fe-30Mn-3Al-3Si TWIP steel, evolution of the microstructure is reflected in the
formation of texture. The brass orientation {110} <112> is dominant at every strain
level. Its intensity increases with an increase in strain, while additional texture
components develop at different strain levels: the E {111} <110> and F orientation
{111} <112> as well as the S orientation {123} <634>. Compared to these
orientations the copper orientation intensity remains low. However, deformation
twins do not contribute significantly to the overall texture development. By
synchrotron X-ray diffraction Li et al. [6] investigated the influence of strain rate on
the development of deformation texture in a 904L stainless steel under dynamic
shock compression. Compared to the texture components displayed during quasistatic compression, they found that the high-speed deformation generated much
weaker texture components.
From the aspect of relation between fibre texture and twinning, Barbier et al. [7]
indicated that tensile testing of Fe-22Mn-0.6C TWIP steel along the transverse
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direction (TD) produces a sharp texture with a pronounced <111>//TD fibre but
weak <100> // TD and <100> // TD fibres. Barbier et al [7] also reported that the
primary twins occur due to the presence of Goss and Copper orientations of the weak
initial texture. Twins are activated in the first stage of deformation at about 0.02 true
strain and 550 MPa. It is shown that with increasing deformation the development of
the main <111>//TD fibre reinforces the twinning activity. Thus, mechanical
twinning does not create additional orientations, but slightly increases the density of
the existing orientations. As the texture strengthens with further deformation, a
strong orientation dependence of twinning is observed. Among the fibre components,
promoted by the tensile deformation, grains from the main <111>//TD fibre
orientation are suitably oriented for twinning, whereas those from the weak
<100>//TD fibre orientation will deform by dislocation slip [4].
• How to quantitatively describe the relation between work hardening rate and
twinning?
Bouaziz and Guelton [8] first proposed a physical based work-hardening model
taking into account the interaction between twinning and dislocation gliding. They
found that deformation twins increase the work-hardening rate by acting as obstacles
for gliding dislocations. Allain et al. [9] proposed modelling of the mechanical
behaviour introduces the formation of mechanical micro-twins in a viscoplasticity
framework, based on dislocation glide at the meso-scopic scale in the case of a
simple tensile test on steel Fe-22Mn-0.6C. The important parameter is the mean free
path of the dislocations between twins, whose reduction explains the high hardening
rate. It takes into account the typical organization of microtwins observed in electron
microscopy. Also based on the theory of reducing the mean free path of the
dislocations, Dini et al. [10] employed X-ray diffraction line profile analysis in
estimating the dislocation density of Fe-31Mn-3Al-3Si TWIP steel after tension and
related the reduction of dislocation mean free path to the strengthening of TWIP
steel. The estimated flow stress equation consisting of the strengthening effects of
both dislocation interaction and dynamic microstructure refinement due to
mechanical twinning (i.e., the dynamic Hall-Petch effect), is in good agreement with
the experimental data and equation proposed by Ludwigson for low SFE materials
[11].
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On the other hand, Olikhovska et al. [12] developed a new approach to characterize
the structure of the twins by parameters such as density of the twin boundaries,
thickness of the twin-related lamellae etc. By a Monte Carlo procedure, the
diffraction pattern of a twinned structure was simulated. It is found that each of these
parameters affects the diffraction peak-profiles and positions including the
diffraction peaks of the basic structure.
4.1.3

Introduction of current chapter

The deformation mechanisms and microstructural evolution of a high manganese
austenitic steel sheet with nominal composition of Fe-0.6C-18Mn-1.5Al (mass. %)
was studied for under conditions of quasi-static uniaxial tension, ultra-fast shock load
compression and high-pressure torsion (HPT). High-energy X-ray diffraction was
used to conduct in-situ and ex-situ characterization of the deformed material. Elasticplastic self-consistence (EPSC) and visco-plastic self-consistence (VPSC) models
were used to predict lattice strain, texture and slip/twinning activities during
deformation of the TWIP steel. In addition, the γ−ε martensitic phase transformation
was studied in specimens after various revolutions of high-pressure torsion (HPT)
and ideal shear texture components were employed to analyze the deformation
mechanisms of TWIP steel processed by HPT. In contrast with previous studies
mentioned in the literature review, the current chapter will provide a new vision of
deformation mechanisms of low-stacking fault energy material, for instance TWIP
steel during various deformation processing procedures.
4. 2 Deformation mechanisms of TWIP steel during unidirectional tension: insitu synchrotron characterization and modelling
The tensile properties of TWIP steel with composition of Fe-0.6C-18Mn-1.5Al
(mass.%) were investigated by synchrotron high-energy X-ray diffraction
measurement and self-consistent models. A series of in-situ tension tests were carried
out with different strain rates (10-4/s, 10-3/s, 10-2/s and 10-1/s) and various total strains
(70%, 50% and 30% as engineering stain). By high-energy X-ray diffraction
techniques, grain refinement and orientation evolution have been recorded during the
tensile tests in in-situ and real time. Two self-consistent modelling techniques,
namely the Elastic-Plastic Self-Consistent (EPSC) and Visco-Plastic Self-Consistent
(VPSC) models were used, to simulate lattice strain and orientation distribution,
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respectively. A newly developed “individual 2D synchrotron detector texture
measurement” technique was used to explore the changes in texture for different
strain rates and total strain. The strain rates and total strains applied for different
specimens are listed in Table 4.1. In this section, experimental and simulation work
was carried in three parts and is described as follows:
I. In-situ tension test with strain rate of 10-4/s was carried out during high-energy Xray diffraction measurement. Diffraction intensity and position’s change are
displayed in time-azimuthal angle plot. EPSC model was used to predict the
evolution of micro-strain during elastic plastic region; VPSC model was used to
simulate the change of texture. In addition, activity of slip and deformation twinning
was calculated by VPSC model.
II. In order to improve the ability to extract texture information from the in-situ
measurements, the 2D synchrotron diffraction image texture technique was
employed. The validity of this technique was assessed by a comparison between the
in-situ experimental results and the interrupted in-situ experimental outcomes. Three
tension specimens were elongated to 30% (specimen B3), 50% (specimen B2) and
70% (specimen B1), respectively, at a deformation rate of 10-3/s followed by full
texture measurement. Then, the diffraction data from specimen B1, which is
deformed to 70% by strain rate of 10-3/s was used for 2D synchrotron diffraction
image texture analysis, the result is a series of orientation distribution functions at
different strain level. Among these texture results, the texture of 30%, 50% and 70%
deformation was selected for comparing with the full texture measurement results
from specimen B2 and specimen B3. This will certify the credence of the 2D
synchrotron diffraction image texture technique under this experimental setup.
Deformation process of specimen B1 (70%, 10-3/s) was analysed by experimental
and modelling results. The extreme situations of “slip only” and “twinning only”
were modelled respectively, which indicate the contribution of twinning and slip at
different stage of tension.
Table 4.1 Strain rates and total strain for uniaxial tension tests
Specimen

A

B1

B2

B3

C1

C2

Strain rate

10-4/s 10-3/s 10-3/s 10-3/s 10-2/s

10-1/s

Total strain

50%

50%

70%

50%
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30%

50%

III. The texture of specimens deformed at different strain rates but to the same total
strain was investigated. The purpose of these experiments is to investigate the
relationship between twinning and or slip deformation mechanisms and strain rate.
The deformation of specimen A, B2, C1 and C2 is described and compared to each
other.
4.2.1

First in-situ synchrotron characterization and modelling during
unidirectional tension of TWIP steel

It is widely accepted that, due to its low stacking fault energy, twinning is an
effective means of deformation in high manganese austenitic, so-called twinning
induced plasticity (TWIP) steel.

This conclusion is supported by convincing

transmission electron microscope and electron backscatter diffraction (EBSD)
evidence, which showed that the volume fraction of twins increases concomitant
with plastic deformation [13]. Specifically, one variant of the {111} <112> twin
system is activated in the early stages of plastic deformation, followed by the
nucleation of twins of different variants of the {111} <112> twin system, between
the boundaries of the first set of twins, leading to a ladder like structure [5]. This
work has further been performed by Barbier et al [14], using texture component
analysis to explore the fractions of dislocation slip and deformation twinning
respectively during plastic deformation. However, these techniques are all based on
microstructural observations on the surface of a specimen and little information can
be provided on the evolving dislocation density, texture, local strain, stacking faults
and the deformation mechanisms that operate in the bulk of the material.
For this reason, the evolution of grain statistics, which includes grain orientation
distribution, grain rotation and elastic lattice strain were determined by in-situ high
energy X-ray diffraction, since it is possible to obtain this information for bulk
material. Self-consistent grain-scale models were then employed to predict the
microscopic and macroscopic deformation behaviour and the relative contribution of
each deformation mechanism. Tensile specimens were prepared from a high
manganese austenitic steel sheet with nominal composition Fe-25Mn-3Si-3Al (mass
%). The sheet was hot rolled from a continuously cast slab to the final thickness of
2.5 mm, with average grain size of about 20 µm. Specimens with a gauge length of
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15 mm and a width of 1 mm were wire-cut from the steel sheet. Tensile loading was
applied perpendicular to the rolling direction of the plate.
Diffraction experiments were conducted at the high energy beam line ID15B of the
European Synchrotron Radiation Facility [15], with incident X-ray energy of
86.94 keV and size of 150×150µm2. The uniaxial tensile test was performed at
ambient temperature at a constant strain rate of 1×10-4 s-1 to a final true strain of
0.47. A Pixium 4700 area detector [16] recorded two-dimensional (2D) diffraction
patterns at a frame rate of ~2 Hz. The X-ray beam was set to track the geometric
centre of the tension sample. Further details about the experimental setup can be
found elsewhere [17]. Texture measurements were made prior to and following the
tensile test on a dedicated goniometer on the same beamline.
Figure 4.2 presents the 2D diffraction patterns for the initial, undeformed state and
similar patterns following the tension test. Both reveal only reflections of the
austenitic fcc γ-Fe phase. The sample in the received condition had a coarse grain
structure oriented in arbitrary directions, which are indicated by discrete spots on the
discontinuous Debye-Scherrer rings in Figure 4.2a. On completion of the tensile test,
the diffraction patterns changed into highly textured, smooth curves as seen in Figure
4.2b. The (111) reflection then shows maximum intensity along the tensile
direction (L) and an intensity minimum in the transverse direction (T). Further side
maxima occur in the directions of L ± 60°.
In order to explore the continuous evolution of texture with time, the diffraction rings
of a selected reflection were cut at the 6 o’clock position, straightened and sequenced
in time, in order to arrange them in an azimuthal-angle—time plot (AT-plot) as
shown in Figure 4.3. This representation shows the evolution of diffraction
information along orientation and time and can be plotted for each (hkl) reflection.
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Figure 4.2 Half extracts from the 2D diffraction patterns of the as-received TWIP
sample with isotropic orientation distribution (a); and the textured distribution after
47% uniaxial tensile strain (b). Reflection indices from inside out are 111, 200, 220,
311, 222, 400 and 331. Polar reciprocal space coordinates q and ψ are indicated
while the cross in the centre marks the origin and scale of 1 Å-1. The tensile
direction L is shown by arrow.
Figure 4.3 shows the AT-plot for the 111 reflection. At zero strain, the figure
displays spottiness originating from a few coarse grains before the deformation
commences. It is pertinent to discuss the progression of the structural development as
a function of deformation in terms of distinct strain regions, as follows:
(1) ε ∈ {0 … 0.00165}: coincides with the elastic strain region, no new grains rotate
onto, or reflecting grains rotate off the Ewald sphere. Initial reflection spots keep
their original positions, azimuthal widths and intensities, without vanishing or gross
azimuthal shift.
(2) ε ∈ {0.00165 … 0.044}: Existing diffraction spots start to spread along the
azimuthal direction continuously with time. This behaviour indicates subgrain
formation resulting in a low-angle mosaic distribution consistent with plastic
deformation by slip. A few new grains rotate into the reflection condition, for
instance at ψ = 40° and 153°. From ε = 0.0075 onwards, many new diffraction spots
appeared distributed over all azimuthal angles, which immediately flare into larger
mosaic spread before fading away. The observed reflections spread and rotate
towards their closest preferred orientation. For example, the timeline at ψ = 25° is
inclined towards the L direction and ψ = 40° towards L ± 60° [18]. This fading is
attributed to the first occurrence of twinning, in which parts of the relatively large
grains are reoriented. The timelines in the L direction fade earlier than others. As
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observed the 111 reflection, twinning is not activated on this plane, however, the
other unit cell diagonal planes, such as ( 1 11), inclined by 70.5° to the reflecting
(111) plane did suffer high shear stress, twinning 111 out of reflection.
(3) ε ∈ {0.044 … 0.137}: At about ε = 0.044, many new timelines came into
reflection, especially along the L direction. These newborn diffraction spots then
strengthen in intensity and spread along the azimuth direction rotating towards the
preferred orientation. The timeline along ψ = 290 ° is an example. At ε = 0.082, the
whole diffraction intensity changed abruptly. From this time on, oscillations along
azimuth direction and intensity were seen over the whole orientation space. For
instance, the fluctuations occurring in the timelines along ψ = 130° and 230°.
(4) ε ∈ {0.137 – 0.48}: Gradually, the timeline distribution re-arranged into the final
texture while the oscillatory behaviour continues. During the remainder of the
deformation process there were ongoing oscillations due to twinning and
reorientation.

Figure 4.3 AT-plot of the 111 reflection displaying the intensity maxima and minima
•

in the L and T direction, respectively. True strain is proportional to time by ε = 104 -1
s .
In order to interpret the experimental data, it is necessary to consider four diffraction
phenomena: Firstly, diffraction peak broadening occurs due to accumulation and
nucleation of defects, which are usually dislocations in fcc structure materials. This
increase in azimuthal peak width results from the formation of substructure and
subgrains with an increase in dislocation density. Secondly, the gradual progression
of diffraction intensity along azimuthal angles reveals grain rotation, driven by the
integrated force from neighbouring grains. Thirdly, sudden changes in diffraction
intensities indicate an abrupt change in the orientation of a diffracting volume.
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Lastly, oscillation of reflection spots with time is due to regular variations of the
orientation of a diffracting volume within a certain oscillatory range. It therefore
seems that mosaic broadening and the observed gradual rotation of grains must be
attributed to slip as a deformation mechanism [18], while sudden changes in intensity
and oscillations are due to large jumps in orientation space that originate from
twinning.
Apart from the direct observation of grain orientation behavior by the variation of
timelines, quantitative analysis of the lattice strain also provides valuable information
of how certain grain orientations interact under uniaxial tension. The lattice strain
ε = (dhkl - dhkl0) / dhkl0, reflects the average elastic strain within a particular hkl grain
orientation. In the present study, the Debye-Scherrer rings were divided into 720
sectors. The Bragg peaks as a function of the momentum transfer q in each sector,
were fitted by a Gaussian function and used to obtain dhkl = 2π / qhkl along the
azimuthal direction. The stress-free lattice inter-planar distance dhkl0 was taken as the
lattice spacing prior to uniaxial tension averaged along all azimuth directions.
Simulation of the instantaneous change in lattice strain with uniaxial tension was
achieved using an elasto-plastic self-consistent (EPSC) model [19]. The input
parameters to the model were the initial texture, represented by 2000 discrete grain
orientations weighted according to the texture and the single crystal elastic constants
for austenitic steel. In this particular case only slip on the {111} <110> slip system
was permitted, thereby omitting the effect of twinning for illustrative purposes only,
which will become apparent later.
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Figure 4.4 Experimental and modelled lattice strain - stress curves for selected
reflections.
Figure 4.4 shows the experimental and calculated lattice strains along the
longitudinal direction for the 111, 200, 220 and 311 reflections. The deviation from
elastic lattice strain is an indication that plastic deformation initiates within a specific
grain orientation. If this were true, it follows from Figure 4.4 that the 200 orientation
was the first to deform plastically (at ~ 375MPa). That observation means that these
grains deform plastically on a micro-scale before the macroscopic yield stress of
450 MPa is attained. Slip is most likely in these grains with a 002 orientation because
firstly, they are the most populated according to the texture (Figure 4.2a) and
secondly, they have comparatively the second highest Schmidt factor of 0.408 for
slip.
As 200 slip commences, the EPSC model indicates that load is transferred to
plastically harder grain orientations, especially the 220 reflection. In reality, this is
not seen this in the experimental curve. This is because {111} <112> twinning has
the highest relative Schmidt factor of 0.471 in this orientation. So it is seen that the
load is not borne by the crystals in a 220 orientation and therefore some twinning
must occur in this orientation, which according to the texture has a relatively low
population, hence resulting in a low volume fraction of twins. Deformation slip
commences next for the plastically soft 311 orientation (Schmid factor = 0.446) and
finally on the most plastically hard 111 reflection. Both slip and twining are
relatively difficult for grains in the 111 orientation with calculated Schmidt factors of
0.348 and 0.368 respectively.
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Another interesting feature of the behavior of the lattice strains observed in the
experimental outcomes is the oscillation of diffraction spots with deformation; this
coincides with the variation of diffraction intensities observed for each reflection
under deformation. The severe fluctuation of the reflection 220 was due to huge error
bars caused by the weakness of diffraction intensity along the longitudinal direction,
coinciding with its texture minimum.
Comparison with the modeled lattice strains, which operated on the basis that only
dislocation slip occurred, showed the moment when gross deformation twinning was
activated. For instance, the deviation between calculated and experimental lattice
strain for 111 happened at σ = 550 MPa, which is consistent with the sudden change
of intensity and orientation at the moment of ε = 0.044 in AT-plot.
Just as the lattice strain was characterized by comparing the experimental results
with the predictions of an EPSC model, the texture evolution can be interpreted by
the aid of a visco-plastic self-consistent (VPSC) model [20]. In this model, the
influence of both {111} <110> slip and {111} <112> twinning were considered. The
resulting comparisons between the measurements and simulation are shown in Figure
4.5. The initial texture (Figure 4.5a) is random in the T directions, as borne out by
the initial diffraction pattern in Figure 4.2a. There is a stronger {001} fibre
(3 × random) oriented in the L direction. The initial texture was put into the VPSC
model and slip and twinning applied in different proportions and hardening rates
until a match was achieved with the final measured texture (Figure 4.5b), while also
matching the constitutive macroscopic stress and plastic strain behavior (Figure 4.5d).
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Figure 4.5 Comparison of experimental and VPSC model results: (a), (b) and (c)
show the inverse pole figures in the two T and one L directions for the initial, final
and VPSC simulated texture, respectively. The constitutive stress-strain behaviour
given in (d) shows experimental observations (continuous), VPSC simulation
(dotted) and modelled (dashed) fraction of twin activity. The texture index of the
inverse pole figures is calculated from the ODF.
As deformation progresses the initial inverse pole figure in the L direction showed a
sharp increase in texture index from 1.3 to 2.1 at the final 47 % plastic strain. The
texture strengthening is dominated by the contribution of slip, which progressively
strengthens the {111} poles in the direction of uniaxial tension. By comparison, the
VPSC model appeared to slightly over-predict the contribution of twinning (Figure
4.5b and c), which is why the final {111} pole was not as strong in the L direction.
The simulation results indicated the fraction of twinning to be in the order of 10%,
initiating at a plastic strain of 0.05, growing slowly in intensity and declining at the
final stages of deformation.
Based on direct observations and model calculations, it is possible to have full
insight into the progression of deformation, the operative deformation mechanisms
and their contributions to the texture evolution for uniaxial tension of TWIP steels.
Micro-plasticity was activated by dislocation gliding in favorably oriented grains,
when the local stress exceeded the critical resolved shear stress, ultimately leading
the bulk material into full plastic deformation. This premise was confirmed by the
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behavior of the 200 lattice strains in the EPSC model. Initial coarse grains were
refined by {111} <110> dislocation slip through the development of an internal
substructure, reflected by the broadening of the diffraction timelines. Simultaneously,
grain rotation inevitably occurred according to the change in external and internal
stress condition. These grain rotations produced the preliminary texture components.
After all possible dislocation slip variants were restricted by surrounding grains, the
local stress rose rapidly, resulting in abrupt changes in the microstructure from
{111} <112> twinning. As a result, the local stress in the grain is relaxed due to
twinning shear. In the absence of twinning the EPSC model predicted that the load
would rise rapidly and be borne by the 220 orientation, which is further evidence that
twinning relaxation did occur at this stage.
Subsequently, the stress rose as further slip (as the dominant mechanism) occurred
and further strain hardening resulted as a consequence of an increase in dislocation
density. This was accompanied by grain refinement and grain rotation. After initial
twinning occurred, the texture was established and deformation reaches a stable stage
of continuous alternation between slip and twinning. This effect was seen as the
occurrence of rapid azimuthal oscillations in the AT-plot, which decline towards the
end of deformation. The influence of grain size on deformation twinning in TWIP
steels is that fine grains restrict the propagation of twins [13]. The frequency of
twinning is relatively high and twinning and slip alternates rapidly in the initial
stages of the stable phase of deformation but decreases with strain. On the one hand,
high dislocation densities create higher local stresses in the grains and promote the
likelihood of twins’ formation; however, grain boundaries provide more obstacles for
the newly born twinned structure. Due to this competition between higher dislocation
density and entanglement from slip and finer grain size, the frequency of twinning
decreases, because twins are obstructed by slip generated dislocations. The twinned
area is small and results in the high strength of TWIP steel.
The present study proved that the texture of TWIP steel during uniaxial tension is
mainly determined by dislocation gliding and not by deformation twinning. The
diffraction experiment showed broadening and rotation of the timeline moving
towards the final preferred orientation, while the sudden change of intensity and
orientation did not produce timelines into other major directions. The twinning angle
is 70.5°, which is not far from the cube texture maxima lying 60° apart and
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contributes mostly to a broadening and reduction of the pole density of the preferred
orientation (Figure 4.3). By using the VPSC model, it was predicted that the final
texture was achieved by a relatively low activity of twinning (in the order of 10 %)
(Figure 4b-d). This proportion of activity concurred with previous measurements by
EBSD in TWIP steel [7].
In conclusion, by the use of high-energy synchrotron X-ray diffraction the alternating
interaction of {111} <110> slip and {111} <112> twinning has for the first time been
directly observed in-situ. The unique properties of TWIP steel - excellent ductility
and high work hardening rate - can be explained by the interaction of slip and
twinning. The deformation texture is determined mainly by dislocation gliding, while
deformation twinning impedes the reinforcement of texture.
This new diffraction technique adds greater understanding of the progressive
development of microstructure, internal stress and texture. In the future, it would be
desirable to conduct tests for high manganese steels with different compositions and
mechanical process.
4.2.2

Deformation mechanisms of TWIP steels investigated by individual 2D
diffraction image texture measurements and VPSC modelling

Following the in-situ characterization by synchrotron high-energy X-ray diffraction
described in section 4.2.1, an advanced technique termed 2D individual texture
measurement, by which 2D diffraction images are used to calculate grain orientation
distribution functions, as introduced in order to track texture evolution during
uniaxial tensile tests of TWIP steel. This advanced texture measurement technique to
study texture evolution, was benchmarked by a comparison to complete traditional
texture measurement. This comparison revealed that this technique could indeed be
used with the experimental arrangement used in the current study. By combining
experimentally measured texture under different strain states with the VPSC model,
it is possible to calculate the activity of deformation mechanisms for the TWIP steel
under investigation, which includes dislocation slip, mechanical twinning and
slip + twinning at various stages of deformation. This study demonstrated that
{111} <112> twinning was initiated at the start of plastic deformation and
contributes to plastic deformation together with slip before strain of ε =0.13 is
reached. With further deformation, dislocation slip dominates plastic deformation.
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As discussed in Chapter 2, it is possible to obtain texture information from an
individual 2D synchrotron image derived from in-situ characterization using highenergy X-ray diffraction techniques. Although this technique is well established and
the experimental arrangement used in the current study satisfies the requirement for
the calculation based on a E-WIMV algorithm, it is still necessary to assess the
validity of the E-WIMV algorithm, for a specific material and deformation procedure,
by comparing the textural information derived from the 2D individual synchrotron
image, to a full texture measurement at same stage of deformation. For this purpose,
three specimens referred to as B1, B2 and B3 were used in this test. These three
samples were deformed using a strain rate of 10-3/s to total engineering strains of
70%, 50% and 30% respectively while diffraction data was recorded in-situ. Full
texture measurements were done before and after the deformation. Then, 2D
synchrotron images recorded during specimen B1 was deformed were used to
calculate the texture at each moment. Four representative moments during B1
specimen’s deformation, namely, initial state, 30% of elongation, 50% of elongation
and 70% of elongation, were chose to compare with full texture measurements
outcomes from as-received material, B3, B2 and B1.
Figure 4.6 displays the results from this comparison. The pole figures on the left
were obtained through 2D image individual texture measurements and those on the
right from full texture measurements. It is important to note that the full texture
measurements on right in Figure 4.6 were plotted from experimental data, without
any re-construction, smoothing and artificial symmetry setup. That is why some
blank area is observed in Figure 4.6(c) and (d), which is due to the pole figure
coverage while specimen was rotated for texture measurements. Figure 4.6 clearly
shows the anisotropic orientation distribution after plastic deformation. The asreceived material has a maximum of 1.6 times random intensity, while the overall
grains orientation distribution is close to random. After 30% elongation, a strong
fiber texture has appeared along the loading direction for the 111 pole and 200 poles.
It is important to note that the same conclusions can be drawn from 2D image and
full texture measurements. With further deformation, the intensity along the
preferred orientation is strengthened and became sharper. For instance, on the 111
pole, apart from the fiber orientation along the loading direction (TD), there is
another high intensity area located 45° from the loading direction. With further
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plastic deformation, the intensity in the 111 pole along the tensile direction becomes
sharp, while the 45° fiber faint gradually. Similar features were seen in the 311 pole.
The results shown in Figure 4.6 provide sufficient evidence that the new 2D
individual texture measuring technique can be applied to investigate texture
evolution during deformation in-situ and in real time using synchrotron high-energy
X-ray diffraction.

Figure 4.6 Correspondence between full texture measurements (right hand side) and
texture measurements using the 2D individual synchrotron image (left hand side).
Roll a-d display the pole figures of 111, 200, 220 and 311 for the specimen being
elongated to engineering strains of (a) 0, (b) 30%, (c) 50% and (d) 70% with loading
rate of 10-3/s
The texture evolution of specimen B1 during the tensile test is displayed in Figure
4.7 where the 111 pole figures at different strain levels are superimposed on the
engineering strain-stress curve. It is clearly shown that, no change in texture was
detected from starting point to the yield point. Once the yield point is reached, high
intensity was first found along the preferred orientation of the loading direction. With
increasing strain, more grains rotated into the preferred orientation while intensity in
adverse area becomes weaker. At the end of this tension test, the highest intensity
reaches a value of 5 times random, while the lowest intensity of 0.1 times of random
was observed along ND for the 111 pole. The texture distribution remained the same
during plastic deformation, except that the intensity becomes stronger. In section
4.2.1, EPSC and VPSC models were employed to analyze the deformation
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mechanisms of TWIP steel from the point of lattice strain and texture evolution. The
EPSC model is only applicable in the up to the yield point. When dislocation slip
initiates, mechanical twinning occurs and this will result textural changes. The VPSC
model requires information about the initial texture, as input data in order to simulate
the activity of slip and twinning. Although continuous in-situ diffraction
measurements are able to provide the required of grains statistics, grain refinement
and quantitatively display the change of preferred orientation, no texture information
can be obtained during a continuous tensile test. By 2D image texture technique, by
which the texture can be calculated while the specimen is being deformed, will
provide valuable information for VPSC modeling.

Figure 4.7 Texture evolution of a specimen tensioned to 0.7 of engineering strain at a
strain rate of 10-3/s is shown as the 111 pole at εeng = 0, 0.01, 0.05, 0.13, 0.26, 0.40,
0.55, 0.67. These pole figures were measured by 2D individual synchrotron images
during an in-situ tension test.
Although the evolution of texture with tension can be determined as shown in Figure
4.7, the deformation mechanisms of TWIP steel, which was the original goal of
current study, has yet to be clearly explained. For this purpose, VPSC modeling has
been used to assess the activity of different plastic deformation mechanisms,
including dislocation gliding (slip) and mechanical twinning as shown in Figure 4.8,
where inverse pole figures along the tension direction from experimental
measurements (2D image texture measurement) are compared to the outcomes of
VPSC modeling (slip only, twinning only and slip + twinning) at different
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deformation stage.

Figure 4.8 Texture displayed as inverse pole figures experimentally determined along
the tensile direction compared to VPSC modelling, which include three types of
deformation mechanisms: slip only, twinning only and slip plus twinning
The experimentally determined inverse pole figures (IPF) indicate the orientation
distribution of the two main reflections 111 and 100, along the loading direction in
cost of reflection 110. As plastic deformation commences, more 111 poles rotate
towards the loading direction while additional, but less grains have their 110 normal
parallel to the loading direction. As the deformation proceeds, the intensity of the
100 pole increases significantly and becomes comparable to the 111-pole intensity.
At the same time, the frequency of 110 poles along the loading direction has
decreased to 0.01 of the average intensity, which is approximately equivalent to
disappearing. At each deformation step, the experimentally measured IPF matched
the VPSC (slip + twinning) model the best. This analysis demonstrates that VPSC
simulations with “slip only” and “twinning only” models provide the ability to
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distinguish between the respective contributions of slip and twinning, to the
material’s macroscopic texture development during tensile deformation. Through the
deformation process, slip rather than twinning dominates the texture evolution.
In metallic alloys with low stacking fault energy (SFE) under deformation conditions
of high strain rate and low temperature, deformation twinning is a prominent plastic
mechanism, that competes with and complements dislocation mediated slip. Within
the original coarse grain, the first deformation twins initiates at grain boundaries and
crosses the whole grain until they are arrested by impingement at surrounding grain
boundaries [14]. The nucleated high angle twin boundary creates two grains with
different orientations. This corresponds to the sharp change of texture at the early
stage of deformation (Figure 4.3). With increasing external stress, its resolved
component along a certain direction exceeds the critical resolved shear stress (CRSS)
for the (111) <110> slip system, thereby initiating dislocation glide. In addition to
the influence of the original texture, the initial grain rotation due to deformation
twinning determines the majority of grain orientations. Consequently, dislocation
glide will be restricted by the texture configuration defined by primary twinning.
Once the grain size becomes small enough through strain-induced structural
fragmentation, twinning is terminated.
In summary, using the synchrotron single-image texture technique in combination
with VPSC modeling, the texture evolution during uniaxial tensile deformation of
TWIP steel was analyzed in-situ and in real time. Both deformation twinning and slip
influence the macro texture in the early stages of deformation (ε < 0.13) while slip
dominates the development of texture upon further plastic deformation.
4.2.3

Effect of strain rates on texture of TWIP steel

From the experiments and simulation outlined above, it follows that dislocation slip
and mechanical twinning both contribute to plastic strain of TWIP steel: mechanical
twinning initiates immediately following the elastic-plastic deformation stage. The
preferred orientation is determined by the original texture of the material and
mechanical twinning, but slip intensifies the texture. From a microstructural point of
view, increasing the density of mechanical twins effectively reduced the grain size;
the refined grain boundary will further restrict dislocation slip, as well as mechanical
twinning. To accommodate further plastic strain, additional external load is required
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as evidenced by the high strain-hardening rate of TWIP steel during plastic
deformation. The activity of mechanical twinning is estimated to contribute up to
13% strain, meaning that dislocation glide makes the greatest contribution to the
further deformation process of up to 70% elongation. However, different from
deformation level, deformation twinning is activated faster than dislocation gliding
with increasing strain rate. Therefore, in this section the author compared texture of
specimens deformed to same total strain but different strain rate, to investigate
whether twinning has more influence on final texture than dislocation gliding for
TWIP steel.
Four specimens (A, B2, C1, and C2) were elongated to 50% strain at strain rates of
10-4/s, 10-3/s, 10-2/s and 10-1/s respectively. Textures were measured by 2D the
synchrotron individual image measurement technique, and the results are shown in
Figure 4.9. Apart from slight differences in the highest and lowest intensities, no
significant differences were found. In the absence of more experimental data it is not
possible to determine whether strain rate has an impact on texture development of
TWIP steel, because the strain rates in the current investigation varied only from 104

/s to 10-1/s.
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Figure 4.9 Pole figures of specimens elongated to 50% of engineering strain by strain
rates of (a) 10-4/s, (b) 10-3/s, (c) 10-2/s and (d) 10-1/s. Tensile direction is parallel to
Transverse Direction (TD) from the original TWIP steel plate.
In the present study, quasi-static loading conditions (10-4/s) did not demonstrate
difference to medium strain rate (10-3/s ~ 100/s) deformation from the point of grains
orientation distribution. Slow loading speed apparently give dislocations more time
to travel through grain boundaries, further, it will benefit the grain family which has
their direction close to the preferred orientation, to adjust their orientation to favor
the activity of major slip or twinning system [21, 22]. Comparatively, fast loading
speed will not give the chance to non-favorites grains for self-adjusting. However,
strain rates various between 10-4/s to 10-1/s apparently will not bring significant
influence on TWIP steel’s texture.
In summary, deformation mechanisms of twinning-induced plasticity steels have
been investigated by in-situ synchrotron characterization and self-consistent models.
Different strain rates from 10-4/s to 10-1/s were applied for tensile tests to maximum
total engineering strain of 67%. To the author’s knowledge, it is the first time that the
alternating interaction of {111} <110> slip and {111} <112> twinning have been
directly observed in-situ. The unique high ductility combined with a high work
hardening rate of TWIP steel can be explained by the interaction of slip and twinning.
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The deformation texture is determined mainly by dislocation gliding, while
deformation twinning impedes the reinforcement of texture. In addition, a technique
of obtaining texture from individual synchrotron high-energy image was employed to
provide texture information while the tensile test was being carried out. The texture
results at different stage of strain were combined with VPSC model, to predict the
activity of dislocation gliding on {111} <110> and mechanical twinning on
{111} <112> systems. The results indicated that, compare with slip, the impact from
twinning on the final texture is negligible. Deformation texture of TWIP steel was
not affected by strain rates in the range 10-4/s to 10-1/s, but mainly determined by
total plastic strain.
4. 3 Microstructure of TWIP steel under shock-load and quasi-static
compression at room temperature
Following the investigation of deformation mechanisms for TWIP steel during quasistatic tensile plastic deformation, a test was carried out to demonstrate the
microstructural evolution of TWIP steel after dynamic shock loading conditions, by
means of synchrotron high-energy X-ray diffraction and optical microscopy. The
Split Hopkinson Pressure Bar (SHPB) technique was used to generate a strain rate of
up to 6×103/s. starting with an almost random texture in the solution treatment
condition, the deformed material experienced a change of the main texture
components from Brass to Cube, (001)-fibre and (111)-fibre [6]. No significant
difference of texture distribution for specimens deformed by four strain rates,1581/s,
100/s, 10/s and 0.01/s to ~20% of compression, although the shock load deformed
specimen showed slight higher intensity at (001)[010] Cube component and lower
intensity along (111)-fiber. However, micrographs showed that shock load deformed
specimen contains finer structure and higher density of twinning lines. Coincident
with the conclusion from section 4.2.3, this result further proved that deformation
texture distribution was influenced more greatly by total strain, rather than strain rate.
Further, mechanical twinning does not provide practical contribution to final
deformation texture.
4.3.1 Introduction of shock-load and quasi-static compression of TWIP steel
As one of the main potential application for TWIP steel is use within the automobile
industy, automobile manufacturers require not only a material that can maintain its
82

mechanical properties under quasi-static loading conditions, but also under shockloading conditions. The question as to how TWIP steel responds to shock loading
during a collision has become the key issue in design and material optimisation. In
addition to microstructure features such as grain size, defects density and phase
morphology, which determine the mechanical and physical properties for most of the
metallic materials, grain orientation distribution (texture) is also an important
consideration and may well have a definitive influence on the application in industry.
Texture is a collective term for a non-uniform distribution of crystallographic
orientations in a polycrystalline aggregate. In metallic materials processing, texture
‘components’ and ‘fibers’ are often used to represent the simplified orientation
distribution. Texture “components” is a superposition of a small number of single
crystals, with some spread (which may be quantified by Gaussians). Others can be
idealized as ‘fibers’ in orientation space, in which a single angle can be used to
specify an orientation within the fibre. Through Euler angles, a certain
crystallographic plane hkl and direction uvw can be transformed to align with sample
coordinates. Take face-centred-cubic (fcc) materials for instance, Brass component
have {110} plane parallels to deformation plane (N) and <112> direction parallel to
deformation direction (L), which is noted as {110} <112>. Other typical texture
components like Goss ({110} <100>), Cube ({001} <100>), Copper ({112} <111>)
are usually used to demonstrate the texture types after plastic deformation. Besides,
these typical texture components also provide information of deformation
mechanisms for materials that contain different stacking-fault energy, alloy elements
and/or deformed at different temperature and strain rates. Especially, the influence of
strain rate on texture has been intensively investigated by other researchers [21,22].
It is well accepted that at low strain rate or at the early stage of plastic deformation,
initial texture is significantly reduced, while at higher strain rate deformation, plastic
deformation texture components were developed and the grains become elongated
along the loading direction. From the point of deformation mechanisms at different
strain rates, mechanical twinning is favoured by high strain rate. Moreover, grain
boundary sliding and shear bands are accepted as deformation mechanisms during
high-strain rate deformation [6]. For microstructural evolution during high-strain rate
deformation, three stages for obtaining ultra-fine grain size structure after high-strain
rate deformation may be described as follows: It starts with the formation of
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elongated cells and subgrains, subsequently, the increased misorientations between
neighbouring grains and breakup of elongated grains into smaller units; and then
these subgrains are rotated by grain boundary rotation and form equiaxed structure
finally. Although these previous studies have supplied rich information of materials’
microstructure, texture evolution during high-strain rate deformation, only few
reports focused on fcc structured materials with low-stacking fault energy, which
may introduces martensitic phase transformation and mechanical twinning under
extreme loading conditions.
As part of a series study using synchrotron high-energy X-ray diffraction in
characterizing deformation mechanisms for TWIP steel, in current section, a TWIP
steel specimen with same composition as last section was chosen for compression at
high-strain rate (1581/s), medium-strain rate (100/s and 10/s) and low-strain rate
(0.01/s). High-strain rate compression test was carried out by a Split-Hopkinson
Pressure Bar (SHPB) technique while medium- and low-strain rate compression tests
were accomplished on Gleeble 3500 thermo-mechanical simulator. After
compression, the material’s texture was measured by synchrotron high-energy X-ray
diffraction. Compared with laboratory X-ray diffraction (XRD) and electron back
scattering diffraction (EBSD) technique, highly collimated and high-energy
(~90 keV) synchrotron X-ray beam can pass through specimen and provide materials
crystallographic information from a bulk volume rather than only surface. By
orientation distribution function (ODF) sections analysis, the intensity difference of
major texture components after deformed by variant strain rates is demonstrated. In
combination with optical microscopy observation, a different conclusion has been
drawn for fcc structured materials with low-stacking fault energy, which is that no
significant difference in deformation texture feature was found among low-,
medium- and high-strain rate compression conditions. However, low-strain rate
(0.01/s) deformed specimen displays broader diffraction profile and higher intensity
for texture component E ( (111)[1 10] ), which is related to slip, and lower intensity
for texture components F ( (111)[121] ) and M ( (111)[1 12] ), which are related to
mechanical twinning.
4.3.2

Experimental setup and deforming parameters

Cylindrical specimens with size of 5 mm in diameter and 2.5 mm in thickness were
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cut from the rolled plate for compression tests and further texture measurement and
microscopy observation. Four specimens were compressed at different strain rates.
One specimen was compressed by the SHPB to a final plastic strain of 18.5%; three
other specimens were compressed by a Gleeble 3500 thrmo-mechanical simulator for
strain rates and total strain of 100/s to 18.3%, 10/s to 18.75% and 0.01/s to 18.92%.
All samples were compressed along the normal direction (ND) of the steel sheet via
both SHPB and Gleeble instruments.
The texture measurements were conducted by high-energy X-ray diffraction at the
ID15B beamline of European Synchrotron Radiation Facility (ESRF). The size of the
incident X-ray beam was 0.3×0.3 mm. A two-dimensional detector was used for
collecting the Debye-Scherrer diffraction data. As it is shown in Figure 4.10, the
incident beam is aligned perpendicular to the plane composed by the Rolling
Direction (RD) and Transverse Direction (TD) according to the rolled plate. The
specimen was then rotated around its axial axis from 0° to 360° with step of 2.5°.
Pole figures for reflection 111, 200, 220 and 311 were calculated from radically
integral intensity distributions along the azimuthal angel ψ. An Mtex/Matlab
program was employed to calculate the orientation distribution function (ODF) and
selected section of ODF was plotted accordingly.

Figure 4.10 Experimental setup of texture measurement by high-energy X-ray
diffraction on compression tested TWIP steel samples.
4.3.3

Results

For intuitive observation, specimens deformed by different strain rates are also
analysed by optical microscopy. As is shown in Figure 4.11(a), a small amount of
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annealing twins were found in the as-received material, as the arrows indicated. In
as-received material, no subgrain structure is clearly observed, however, a feathery
shaped substructure within grains were found widely spread in all deformed
specimens microscopy. Some of them were distinct parallel lines, while other finer
ones were hard to distinguish. The average grain size of as-received material is
approximately 20 µm. After ~20% of plastic deformation, grain size of all the
deformed specimens reduced to approximately half of their original value.
Comparatively, SHPB deformed specimens contains larger grains and the
distribution of grain size range is wider than other quasi-static deformed samples.
Apart from this, no significant difference was observed for samples deformed by
different strain rates.

(a)

(b)
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(c)

(d)

(e)
Figure 4.11 Optical micrograph of (a) as-received material and plastic deformation to
total strain of ~20% by (b) 1581/s, (c) 100/s, (d) 10/s, and (e) 0.01/s
The results of texture measurement for as-received and deformed specimens were
displayed as section ODF in Figure 4.12. Texture intensities were plotted for φ1 and
Φ from 0° to 90° at fixed φ2 = 45°. In current study, Bunge’s notation [φ1, Φ, φ2] was
used as default, unless otherwise stated. As is shown in Figure 4.12, ideal
compression texture components for fcc structured materials were also superimposed
onto the experimental results. Typical deformation texture components for fcc
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materials, e.g., Copper ( {112} < 111 > , Brass ( {110} < 112 > ), Goss ( {110} < 001 > ) and
Cube ( {001} < 010 > ); also, fibre texture components of (111)-fibre, (001)-fibre and
(112) -fibre. In the
intensity has been
€ as-received material,
€ only 2.5 times of random
€
€found

at (45°, 90°, 45°), which is very close to ideal texture component “Brass”.

After from this result, no other texture components showed intensity higher than
random. The weaker texture in the as-received material will be used to emphasize the
influence of plastic deformation in grains orientations. The changes in texture
became obvious after ~20% of plastic deformation in quasi-static compression or
shock compression. Brass texture component disappeared in all the specimens,
comparatively (001)-fibre and (111)-fibre became the dominant texture components.
For the specimen deformed by strain rate of 0.01/s, the texture displayed the lowest
intensity of Cube component after deformation. At the same time, the highest
intensity of Cube component was found in the specimen deformed by strain rate of
1581/s. Texture component (111)-fibre in the specimen deformed by 1581/s showed
its lowest intensity in these four specimens. Overall, materials have experienced
significant change of orientation distribution after 20% plastic deformation, from
dominating Brass texture component changed to (001)-fibre and (111)-fibre
component. Deformed by different strain rates to 20%, SHPB sample (1581/s)
displays strongest texture at Cube texture component and lowest intensity at F
component ( (111)[121] ) on (111)-fibre. Comparatively, other specimens deformed by
medium- and low-strain rates did not show significant differences.
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Figure 4.12 ODF section at φ2 = 45° for the deformed TWIP steel of (a) as-received
and deformed to plastic strain of ~20% by (b) 1581s-1 (c) 100 s-1 (d) 10 s-1 (e) 0.01 s1
;
4.3.4

Discussion

Before further discussions, it is essential to clarify the termination “low-”, “medium” and “high-strain rate” deformation conditions. As is described in [23], “At strain
rates of the order 10-6 to 10-5/s, the creep behavior of the material is the primary
consideration and creep laws are used to describe the mechanical behavior. At higher
rates, e.g., in the range of 10-4 to 10-3/s a uniaxial test or a quasi-static stress-strain
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curve obtained from a constant strain-rate test is used to describe the material
behavior. At higher strain rates, the mechanical response of the material may change,
and alternate testing techniques have to be used. The range of strain rates from 10-1
to 102/s is generally referred to as the intermediate or medium strain-rate regime.
Within this regime, strain-rate effects become a consideration in most materials,
although the magnitude of such effects may be quite small. Strain rates of 103/s or
higher are generally treated as the range of high strain-rate response. It is within the
high strain-rate range (103/s or higher) that inertia and wave-propagation effects
become important in interpreting experimental data. At these high rates of strain,
care must be taken to distinguish between average and local values of stress and that
may be the result of one, or more, high-intensity stress wave propagating through the
material. At strain rate of 105/s or higher, we have generally dealing with “shock
waves” propagating through the material. At these high rates, there exists a transition
from nominally isothermal conditions to adiabatic condition.”. Therefore, some
conclusions made by Li et al. [6] about the deformation mechanisms of 904L
stainless steel at strain rate of 0.01/s should not be notated as “quasi-static”
deformation condition.
Correlating the texture results and microscopy observation to deformation
mechanisms of TWIP steel, it was found that different deformation mechanisms
activated to accommodate the speed of external loading. Li et al [6] believed that for
materials with medium to low stacking fault energy, shear band plays an important
role during high-strain rate plastic deformation. This conclusion based on the
observation of “shear bands” in their 904L stainless steel specimens, which have
been compressed to 54.2% strain with speed of 104/s by SHPB technique. As no
“shear band” structure had been found in current TWIP steel specimens, it is
inappropriate to include shear band as the third deformation mechanism, while the
other two are mechanical twinning and dislocation slip. Also, Li et al. elaborated,
texture intensity difference found in SHPB deformed specimen and “quasi-static”
deformed specimen were attributed to the roll of shear band. However, we did not
find shear band structure in current study, neither texture intensity difference
between SHPB deformed specimen and low strain rate deformed specimen.
Therefore, only dislocation slip and mechanical twinning are considered in current
study as deformation mechanisms of TWIP steel. In Table 4.2, intensity of texture
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component E (φ =0°, Φ = 55°, φ =45°), F (φ = 30°, Φ = 55°, φ = 45°) and
1

2

1

2

M (φ = 90°, Φ = 55°, φ = 45°) [5] are listed for specimens deformed by different
1

2

strain rates. Although there are few other typical texture components like Goss, Brass,
Cube, Copper, which are usually used to indicate the texture feature. The reasoning
here is to focus on components E, F and M is because they are ideal texture
components that related to dislocation slip (E) and mechanical twinning (F and M).
First of all, we compare the two extreme strain rates of 1581/s and 0.01/s, SHPB
deformed sample has same intensity of component E and F, with the value of 1.26.
However, quasi-static sample (0.01/s) has higher intensity on texture component E
(1.7) and lower intensity on texture component F (1.13). This result indicated that
with quasi-static deformation condition, more slip systems were activated during
deformation, with the evidence that {111} <110> slip system had the highest
intensity on ODF φ2 = 45° section plot, for quasi-static deformed sample and lowest
intensity for SHPB deformed sample. At the same time, for component F and M,
which are related to mechanical twinning on {111} plane and <112> direction,
SHPB deformed sample had higher intensity than the low strain rate deformed
sample.
Table 4.2 Intensities of texture components E and F for specimens deformed by
different strain rates [5]. The texture component intensity is obtained from the ODF
with averaged grid of 5°.
Texture

E

F

M

( (111)[110] )

( (111)[121] )

( (111)[112] )

€
1.266

€
1.266

0.637

100/s

1.710

1.400

0.603

10/s

1.450

1.300

0.650

0.01/s

1.700

1.113

0.650

components
Strain rate
1581/s €

Besides the optical microscopy investigation and orientation distribution function
(ODF) analysis, diffraction profile was also used to demonstrate microstructural
change for specimens deformed by different strain rates. In Figure 4.13(a),
diffraction intensities for each specimen are plotted against scattering vector Q. From
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this graph, no displacement of diffraction peak position was observed. However, the
integrated peak width of different reflections in Figure 4.13(b) indicated that the
sample deformed by the lowest strain rate (0.01/s) obtained broadest peak width.
Diffraction peak broadening, as Ungar mentioned in [24], indicates small crystallites,
grains or subgrains, and/or the presence of micro-stresses. Stress gradients and/or
chemical heterogeneities can also cause peak broadening. In the low-strain rate
(0.01/s) deformed sample, the broad peak width is mainly attributed to finer grain
size and subgrain structure introduced by dislocation movement. This observation
further emphasizes the roll of dislocation gliding in plastic deformation at a strain
rate of 0.01/s.

Figure 4.13 To be continued
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Figure 4.13 Diffraction profile (top) and Williamson-Hall plot (bottom) of four
samples deformed by different strain rates. In Williamson-Hall plot, the “Int. Width”
is measured by (peak area)/ height.
4.3.5

Conclusion

Deformation mechanisms of the low-stacking fault energy material TWIP steel under
different strain rates, have been investigated by high-energy X-ray diffraction and
optical microscopy. Among the four specimens deformed at strain rates of 1581/s,
100/s, 10/s and 0.01/s, the high-strain rate deformed specimen possessed higher
intensity of F ( (111)[121] ) component and lower intensity in E ( (111)[110] )
component, which are related to slip and mechanical twinning respectively. Also, the
slow-rate deformed sample was found to obtain wider integrated diffraction peak
width, which is a sign of refined structure and higher dislocation density. Overall,
these results indicated that low-strain rate deformation involved more dislocation
gliding while high-strain rate deformation favored mechanical twinning, which is
consistent with previous report by Sisneros et al. [22]. For medium-strain rate
deformation, the mechanism of deformation was displayed to be closer to high-strain
rate rather than low-strain rate deformation. Neither lower texture intensity nor shear
band microstructure was found in high-strain rate deformed specimen, which was
different from another low-stacking fault energy material, such as 904L stainless
steel.
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4. 4 γ−ε phase transformation of twinning induced plasticity steel during highpressure torsion
In contrast with previous studies during tension and compression, where no phase
transformation was found, the γ (fcc) to ε (hcp) martensitic phase transformation was
observed in Fe-Mn-Si twinning-induced plasticity (TWIP) steels processed by highpressure torsion (HPT) by using synchrotron high-energy X-ray diffraction. The
volume fraction of ε phase decreased with increasing revolutions and from centre to
periphery area on HPT disks. Lath structure of a few nanometers in width was found
by transmission electron microscopy (TEM). Texture at different positions along the
specimen’s radius direction, indicated predominant compression texture components
at the center, while shear texture components become stronger at the rim.
Specifically, shear texture component <110> fiber for γ phase and < 2110 > {0001}
for ε phase was strengthened with shear strain. In this section, strain and stress
conditions for activating different deformation mechanisms, namely martensitic
€
transformation, twinning and slip are discussed for TWIP steel, which possesses low
stacking fault energy.
4.4.1

Introduction of deformation induced martensitic phase transformation

It has been well received that, under quasi-static plastic deformation conditions,
twinning-induced plasticity steel Fe-C-Mn presents excellent properties of high
tensile strength and large ductility, which is a result from the interaction between
{111} <110> slip and {111} <112> mechanical twinning. Previous studies of TWIP
steels [7, 25-26] during unidirectional compression, tension and rolling, have shown
that slip contributes to the majority of final texture rather than twinning; strain rate
has limited effects on final microstructure and texture in comparison with total strain;
and the strain-hardening rate is increased due to the dislocation transformation
between twinned and un-twinned regions. However, TWIP steel’s main application
in future automobile manufacturing, where considerations of the deformation
processes occurring during impact are imperative, requires desirable mechanical
properties during severe plastic deformation (SPD), which differ in comparison with
the quasi-static deformation processes mentioned. On the other hand, from the point
of fundamental understanding, it has been proven that for fcc materials, with
decreasing stacking fault energy, the plastic deformation at room temperature
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generally proceeds through dislocation slip, mechanical twinning and martensitic
transformation [27-30]. Other factors like grain size, temperature, texture and
resolved compression stress will also affect the deformation process. Therefore, it is
useful to investigate the TWIP steels deformation behavior under SPD, which will
provide understanding that is complementary to the existing studies. As one of the
SPD techniques, high-pressure torsion (HPT) has been applied widely to achieve
ultrafine-grained materials with high strength and reasonable ductility. Specifically,
different strain applied on one specimen makes HPT suitable for investigating the
interaction between deformation mechanisms, grain size and strain.
In the last 10 years, microstructural evolution after HPT deformation for many types
of metallic materials, including pure metal [31, 32] and alloys [33], single phase [27,
34] and two phases [35-37], fcc [34] and hcp [29, 38, 39] crystallographic structured
have been investigated intensively by researchers around the world. The most
important character for HPT deformation, is it can significantly refine materials
microstructure. Theoretically, shear strain is increasing with the distance between
observing spot and the centre of HPT disk. Wang et al. [27] believe deformation
twins and stacking play a key role in HPT-induced grain refinement. Through a
series of microstructural investigations conducted by TEM, Wang et al discovered
the following features: (i) The finest grain size is determined by the highest stacking
fault/twin density that the system is able to produce; (ii) while the high density of
dislocations are accumulated at stacking faults and twin boundaries, the original
atomically flat coherent stacking faults and twin boundaries evolved into curved
incoherent high angle grain boundaries from which secondary stacking faults and
twins were emitted; (iii) the emission of secondary stacking faults and twins further
refined the grains and transformed the elongated grains into equiaxed grains having a
grain size of ~10nm. Ivanisenko et al [40] found the majority of grains in HPT iron
contained a developed substructure in the form of low angle boundaries irrespective
of their size. Therefore, these grains can be regarded as cellblocks or fragments.
Another interesting phenomenon is HPT induced phase transformation, metastable ω
phase is found in hcp α-Zr specimen after HPT [28, 39], and so too ω-Ti [29].
Zhilyaev et al. carried out a series investigation on allotropic phase transformation in
pure Zr [41-44]. The α to (ω+β) phase transformation in pure Zr can occur under
3GPa in HPT rather than 30GPa in hydrostatic pressure condition and/or high
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temperature (T>1135K). Severe shear stress in HPT induced hcp to bcc
transformation in pure Zr, besides, twins structure are also found in Al processed by
HPT, which is objective to its nature of high stacking faults energy. Therefore, it can
be concluded that stress and strain conditions during HPT, is very much different
with conventional plastic deformation process, for instance, compress, tension and
rolling.
With respect to characterizing microstructure and mechanical properties for materials
processed by HPT, microhardness, electron microscopy and orientation imaging
microscopy are usually used, for investigating the change of microstructure with
shear strains and pressure. Although inhomogeneity in microstructure is another
research topic for HPT process, current conventional examination techniques often
aggravate the level of complexity, due to the nature of obtaining information from
only surface and is very much affected by sample preparation. For example, as one
of the most important microstructure, grains orientation distribution is normally
examined by EBSD/SEM, which has limited resolution and observing field since
shear strain changes quickly with the distance between observing spot and disk
centre. Texture evolution with shear strain is a valuable indicator to display the
deformation mechanism of HPT from the behavior of a large number of grains
statistically. Orlov et al. [45] explored the texture evolution in pure aluminium
subjected to monotonous and reversal straining in HPT. The author simplifies the
torsion process as simple shear, and compares the measured texture with ideal shear
texture component. The results shed light on the current study, which also used ideal
shear texture components to analyse the deformation mechanisms of TWIP steel
processed by HPT.
In the current study, synchrotron high-energy X-ray diffraction is applied in
investigating the grain statistics and grain orientation distribution of Fe-C-Mn TWIP
steel deformed by HPT at room temperature. An hcp structural ε phase was observed
in specimens after HPT processing and the volume fraction of ε phase and γ phase
was calculated as a function of applied strains. With an advanced technique of
obtaining texture from individual 2D diffraction image, the grains orientation
distribution of both ε and γ phase were displayed at different test locations along the
radius. It is the first time high-energy X-ray diffraction has been used in investigating
the microstructural change of TWIP steel after HPT processing. By comparing HPT
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texture with ideal shear texture and compression texture, the results lead to further
understanding of different deformation mechanisms, namely, phase transformation
induced plasticity, mechanical twinning and slip for fcc materials during HPT.
4.4.2

Experimental procedure

HPT specimens were produced from a high manganese austenitic steel sheet with
nominal composition of Fe-0.6C-18Mn-1.5Al (mass. %). The material had been hot
rolled from slab state to the final thickness of 2.5mm, with an average grain size of
approximately 20 µm. Few twins were also observed in the as-received material due
to previous thermo-mechanical processing. The disks of 10 mm in diameter and 0.8
mm thick were subjected to HPT in unconstrained anvils under a pressure of 6 GPa
at room temperature and a rotation speed of one revolution per minute for ½, 1, 2, 3,
4 and 5 revolutions, respectively. In addition, in order to ascertain the causes of ε
martensite phase formation, one specimen was compressed in the same HPT device
with stress of 6 GPa, holding for 2 minutes but without torsion. The rotation axis of
HPT specimen was parallel to the normal direction of the rolled plate. Diffraction
experiments were conducted at the high-energy beam line ID15B of the European
Synchrotron Radiation Facility (ESRF), with an incident X-ray beam with energy of
89.70 keV. As it displayed in Figure 4.14, the incident beam with size of 150×
150 µm2 is aligned perpendicular to the disk’s shear plane and scanned along the
radius direction with a step of 200 µm. From the view of crystal plasticity, the
incident beam is parallel to the shear plane normal (SPN) direction and perpendicular
to shear direction (SD) and radius direction (RD). A Pixium 4700 area detector
recorded two-dimensional (2D) diffraction patterns with reflection data collecting
time of 2.5 second per scanning point. Further details about the experimental setup
can be found elsewhere [46]. Differing with conventional texture measurement, EWIMV method [47-49] was directly applied to the 2D diffraction images for texture
analysis through the MAUD software package in the present study. The diffraction
image is divided into 180 sectors along the azimuthal angle direction. Integrated
slices are used as spectra by the program, 20 reflections in total are calculated for
orientation distribution function (ODF). Tangential through-thickness TEM
specimens were cut at ¾R on the as received disk and the HPT disks after ½ turn and
1 turn, respectively. These were mechanically polished to 40 µm thickness and then
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ion-milled in a Gatan PIPS™ system to electron transparency. The samples were
then observed in a JEOL 2200 FS™ 200 keV transmission electron microscope
(TEM).

Figure 4.14 Schematic graph indicating the diffraction experimental setup and
texture measurement of HPT tested specimens.
4.4.3

Ideal shear texture components

Since the 1990s, the texture developed during shear deformation has tracked
significant attention for both fundamental research and metallic materials
manufacturing, through experimental characterization and mathematical simulation.
Among the early studies [50-60], two different crystal plasticity theories were
developed respectively, namely rate sensitive theory of crystal plasticity [50-54], and
viscoplastic full constraints crystal plasticity theory [55-57]. Specifically, Canova et
al. [50] employed some important ideal orientations observed in torsion to analyse
the experimentally measured texture. These ideal shear texture components are
represented in the format of relevant Euler angles (ϕ1, Φ, ϕ2) in the Bunge notation
with the shear plane (SP) and shear direction (SD). In the most recent years,
especially with increasing research interests of equal channel angular pressing
(ECAP) and equal channel angular extrusion (ECAE), ideal shear texture
components were used to characterize the texture of materials after shear or extrusion.
For example, a systematic experimental and simulation work on texture formation
for fcc, bcc and hcp materials after ECAE by Li and co-workers [52-54]. In these
studies, a rate-dependent crystal plasticity model was used to investigate the stability
of grains orientation during ECAE for materials with fcc and bcc crystallographic
structures. The ideal orientations observed by experimental work were examined
according to lattice rotation fields computed at and around the orientations [52]. The
simulation result demonstrated the stability in the lattice orientation for both bcc and
fcc crystal structure. This study [52] has revealed the main components in
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experimental textures after a single-pass ECAE deformation are distributed along
fibers in the orientation space, with the slip plane and slip direction parallel to the
macroscopic shear plane and shear direction respectively [52]. Consequently, the
deformation mechanism and preferred grains orientation has been connected through
ideal shear texture components.
In addition, only recently have there been any examinations of shear textures in
hexagonal close packed materials. The initial analysis of these textures was reported
in 2007 by Beausir et al. [55], who used crystal plasticity theory to determine the
ideal shear orientations and their persistence characteristics in hcp materials in
simple shear, and compared those results to the experimental textures produced
during torsion testing of a magnesium alloy. For the first time, the ideal positions and
fibers of hcp crystals subjected to simple shear were investigated using the
viscoplastic full constraints crystal plasticity approach [55]. Five ideal fibers were
identified; these were named B, P, Y and C1-C2, and correspond to a high activity of
<a>-type slip (B, P and Y) as well as pyramidal <c+a> (C1-C2) [55]. Furthermore,
they indicated that the large rotation vectors around the Y and C fibers would prevent
any significant intensity from developing around those fibers. A similar analysis
performed by Li [54], additionally predicted two possible twin-induced shear fibers,
which were labeled H5 and H6, and determined the most stable orientations along
each of these ideal shear orientation fibers. In current study, the name and notation of
ideal shear texture components for fcc and hcp crystals from Ref [52-54] were
employed. As displayed in Figure 4.15 and Figure 4.16 position and symbols of ideal
shear texture components were plotted for fcc crystal 111 pole and hcp 0002 pole,
details of these ideal shear texture components can be found in Table 4.3.
The purpose of employing ideal shear texture component into current study, is not
only for convenience of comparison and indication; more importantly, orientation
stability of different components from another aspect reflects associated deformation
mechanisms. For instance, H1 component in hcp crystal is related to activity of basal,
prism and pyr <a> slip systems, while high intensity of H4 components is an
indication of slip on pyr <c+a> and pyr2nd system. More details are listed in Table
4.4.
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Figure 4.15 (111) pole figures showing the main ideal orientations and fibre textures
associated with simple shear deformation of fcc materials. [52]

Figure 4.16 Locations of fibres with relatively stable orientations in negative simple
shear of hcp crystals (c/a=1.633) on (0002) pole by stereographic projections. Left:
slip-induced fibres (H1-H4); Right: twinning-induced fibres (H5 and H6) [54]
Table 4.3 Main fibers with relatively stable orientations in simple shear of fcc and
hcp crystals. [52-54]
Texture

{hkl} <uvw>

component
A1*

A2*

A

€

fcc
A

€

B

€

€

B
C

ϕ1

Φ

ϕ2

35.26/215.26

45

0/90

125.26

90

45

144.71

45

0/90

54.74/234.74

90

45

(111)[110]

0

35.26

45

(111)[110]

180

35.26

45

(112)[110]

0/120/240

54.74

45

(112)[110]

60/180

54.74

45

{001} < 110 >

90/270

45

0/90

(111)[112]

€

Euler angles (°)

(111)[112]

€
€

100

0/180

90

45

H1

{hkil} < 2110 >

0

0-90

0

H2

{0001} < uvjw >

0

90

0-60

H3

{1100} < 1120 >

0

30

3060

{1122} < 1100 >

hcp
H4

{2112} < 2113 >

60

90

0-60

85

90

0-60

140

90

0-60

{1101} < 1102 >

H5

{2110} < 0001 >
{1100} < 0001 >

H6

{2113} < 1101 >
{1102} < 1101 >

Table 4.4 Main fibres with relatively stable orientations in hcp crystals [54]
Texture

{hkl} <uvw>

compon

Euler angles (°)
ϕ1

Φ

ϕ2

-ent

Associated
deformation
mechanisms

H1

{hkil} < 2110 >

0

0-90

0

Basal, prism, pyr<a>

H2

{0001} < uvjw >

0

90

0-60

Basal, pyr<a>,
pyr<c+a>

H3
hcp

{1100} < 1120 >

0

30

€

{2112} < 2113 >

pyr<a>

60

{1122} < 1100 >

H4€

30-

60

90

0-60

pyr<c+a>, pyr2nd

{1101} < 1102 >

H5€

{2110} < 0001 >

85

90

0-60

Ctw

H€6

{2113} < 1101 >

140

90

0-60

Ttw

€

{1102} < 1101 >

€
€
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4.4.4

Results

4.4.4.1 Phase identification by X-ray and electron diffraction
As the experimental setup showed in Figure 4.14, a scan of 0.2 mm/step along the
diameter direction of each HPT disk was carried out by moving the beam across the
specimen. At each observing spot, one diffraction image was obtained as direct
experimental data. By integrating the image along the azimuthal angle and arranging
these diffraction patterns with sequence of time, the change of diffraction intensities
with different position for each specimen was observed and is displayed in Figure
4.17. For the diffraction pattern from as-received material, only peaks from the fcc
structural austenite phase were observed (Figure 4.17 (a)). After ½-revolution of
HPT, additional peaks apart from austenite phases were found in all the diffraction
patterns across the sample. By Rietveld fitting, these extra peaks satisfy the lattice
spacing of close-packed hexagonal (hcp) structural crystal with a = 2.5Å and c =
4.14Å.

(a)

(b)
Figure 4.17 To be continued
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(c)

(d)
Figure 4.17 To be continued
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(e)

(f)
Figure 4.17 Integrated diffraction pattern for disks after (a) as-received, (b) 6GPa
compression for 2 minutes without torsion, (c) ½, (d) 1, (e) 3, and (f) 5-revolution of
HPT process. The image on top of each diffraction pattern is diffraction information
scan along disk’s radius direction, where position of 0 is the disk centre.
TEM observations were undertaken from cross-sectional samples taken from the ¾R
position from as-received, ½ turn and 1 turn samples. A BF image from the asreceived sample is shown in Figure 4.18(a), which showed a few dislocations. This
sample also showed a few very large twins (~ 2 µm in width) at other places (not
shown). The BF image in Figure 4.18 (b) showed an area of the sample with ½ turn,
and straight, lamellar features were clearly visible in this microstructure. The dark
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field image in Figure 4.18 (c) showed an area from the sample with 1 turn and a very
dense dislocation/micro-twin type contrast was visible in this image. High resolution
TEM (HRTEM) was performed on the sample with ½ turn to confirm the formation
of hcp martensitic phase. The HRTEM image from one grain with the lamellae and
the corresponding Fast Fourier Transform (FFT) is shown in Figure 4.18 (d). The
FFT of the image showed spots which match very well with the (1012) , (1103) and
(0111)

spots of the hcp structure with a= 2.546 Å and c = 4.140 Å. These spots were

also visible in a selected area diffraction pattern (SADP) €of the €grain (not shown
€

here). Thus, after excluding the possibility of random stacking faults, this newformed structure was fully identified as hcp structured ε phase from both macro- and
micro-scale examinations using XRD and TEM, respectively.
(a)

(b)

(c)

Figure 4.18 To be continued
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(d)

Figure 4.18 Bright field TEM images at ¾R of the specimen disks from as-received
sample (a) and after ½ revolution (b), and dark field image after 1 revolution HPT
(c); HRTEM image and corresponding Fast Fourier Transform (FFT) from the same
½ revolution sample as in (b), showing the presence of hcp ε phase.
As the new phase was hcp structured due to deformation, this new structure is
notated as martensite phase. From Figure 4.17, it was clear that martensite phase
existed in all the HPT disks. Across the diameter of HPT disk, the good symmetry
between two sides of the HPT center was demonstrated by the diffraction intensity.
Interestingly, at the disk center, where theoretically no shear strain occurs , certain
amounts of martensite phase were found, however, no similar phase transformation
had been observed during other deformation procedure mentioned in previous
sections of this chapter. This result indicated that high-pressure torsion acts tp
operate different deformation mechanisms, other than those which occur for uniaxial
tension and compression.
4.4.4.2 Phase volume fraction change with shear strain
By Rietveld method refinement, volume fraction of ε and γ phase were calculated for
representative observing spots, such as center, ¼R, ½R, ¾R and the rim of HPT
disks. The results are displayed in Figure 4.19. Figure 4.19(a) showing the change of
γ phase volume fraction at different positions after various revolutions of HPT. At
the center position of ½-revolution HPT disk, 56% of the specimen was occupied by
γ phase. From the center to the rim of ½-revolution HPT specimen, volume fraction
of γ phase continuously decreased to ¾R position and reach the minimum number of
39%, followed by slight increase to 43.67% at the rim of this specimen. However,
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similar trends did not occur for other specimens. HPT disks after 1, 3 and 5
revolutions had 42.44%, 47.6% and 50.78% of γ phase at the center respectively.
With increasing shear strain, the volume fraction of γ phase first maintains a constant
up to ½R, after this turning point, different levels of increasing volume fraction were
observed when the spots approached the rim of HPT disks.
In addition, the volume fraction of γ phase at different positions on the HPT disks are
plotted for various revolutions and is displayed in Figure 4.19(b). At the center
positions of all the HPT disks, ½-revolution HPT disk contained the largest volume
of γ phase. From 1-revolution and onward, the volume fraction of γ phase increases
with revolution number. A similar trend was also observed for locations including
¼R and ½R. Even so, for positions such as ¾R and the rim on HPT disks, volume
fraction of γ phase increased continuously with the number of revolutions.

(a)
Figure 4.19 To be continued
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(b)

(c)
Figure 4.19 Volume fraction of martensite and austenite phase change with shear
strain.
In order to demonstrate the change of γ phase with shear strain more clearly, absolute
shear strain was calculated for each representative spots, as mentioned above and
plotted in Figure 4.19(c). The observing spots that have the same shear strain were
averaged and plotted on the fitted curve as a solid continuous line. Apparently, this
spoon shaped curve possessed a turning point at shear strain equal to 15, which
equivalently points to ¾R of ½-revolution HPT disk. After this point, although some
fluctuation exists, the whole tendency of the γ phase volume fraction was observed to
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rise with shear strain.
4.4.4.3 Diffraction peak width
In powder diffraction, peak broadening is attributed to instrumental contribution and
sample contribution. The latter part includes (1) crystallite and diffracting domain
size; (2) crystal lattice distortion (micro-strain) due to dislocations and concentration
gradients; (3) structural defects such as stacking faults, twin faults or layer mistakes.
In the current study, the integrated peak width (area/height) of each diffraction peak
was plotted for specimen after various revolutions HPT.
As shown in Figure 4.20, integrated peak width from the full range of azimuthal
angle integration for γ and ε phase at three positions, center, ½R and R on HPT disks
were plotted against reciprocal space vector Q. At the center position of each
specimen (Figure 4.20 (a)), most of the γ phase reflections become broadened with
increasing number of revolutions. However, except prismatic plane (10.0)ε and basal
plane (00.2)ε that displayed similar trends, other pyramidal planes in ε phase showed
the opposite tendency. Reflection (10.1)ε, (10.3)ε and (11.2)ε achieved their
maximum peak width after ½-revolution HPT processing; with increasing revolution
number, these peaks become narrower instead of broadening.
In Figure 4.20 (b), which displays the change of peak width at ½R position of HPT
disks, most reflections from γ phase still followed the rule of broadening with
increasing shear strain except for (111)γ reflection. However, for ε phase, basal plane
(00.2)ε had its peak width decreasing with a rising number of revolution; pyramidal
planes (10.2)ε and (10.3)ε had the broadest peak after ½-revolution HPT. It is worth
noting, that at high Q position, no peak was detected for (11.2)ε and (20.2)ε
reflection after 5-revolution HPT.
This phenomena became worse at rim of HPT disks (Figure 4.20 (c)), apart from the
highest two reflections from ε phase, which were (10.0)ε and (00.2)ε, no other
reflections were found for specimen after 5-revolution HPT. At the rim position,
except prismatic plane (10.0)ε, all the other reflections of ε phase had the maximum
peak width on ½-revolution HPT specimen.
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(a)

Figure 4.20 To be continued.
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(b)

Figure 4.21 To be continued.

111

(c)

Figure 4.20 Integrated peak width change with number of revolutions at (a) centre,
(b) ½R and (c) the rim of HPT specimens.
Overall, at these three representative positions, center, 1/2R and the rim of HPT disks
after ½, 1, 3 and 5 revolutions, a common feature was that reflections from γ phase
had their peak width broadening with increasing shear strain, however, ε phase did
not show a clear trend of increasing or decreasing of it peak width with shear strain,
instead, many reflections of e phase obtained the narrowest peak after 5 turns of HPT
processing. One possible explanation is the method employed to calculate peak width
was peak area divided by peak height. As the volume fraction of ε phase had
significantly dropped with increasing shear strain, which was reflected in the
declining of peak area.
4.4.4.4 Texture evolution during HPT
As introduced in Chapter 2 and section 4.2 in current chapter, individual 2D
synchrotron images can provide texture information via E-WIMV texture fitting in
Rietveld refinement. The representative 5 spots such as center, ¼R, ½R, ¾R and the
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rim on each HPT disk were chosen to display the change of texture with increasing
shear strain. In order to compare experimental results with ideal shear texture, all the
pole figures are plotted in equal-angle projection and the intensity is in log scale.
First of all, Figure 4.21 shows the pole figures of γ phase reflection 111 and 200 from
as-received materials. Very low intensity of up to 1.7 times of random texture was
found in as-received material, which might be a result from previous rolling and heat
treatment.

Figure 4.21 Texture of as-received material
In Figure 4.22, texture from ½-revolution HPT disk is plotted at center, ¼R, ½R, ¾R
and R for γ phase 111 pole and ε phase 0002 pole. For convenience, fcc crystal ideal
shear texture components and unidirectional compression texture were superimposed
as red color symbols and black color contour lines respectively. In γ phase 111 pole,
after ½-revolution of HPT, texture did not show well the coincidence with
compression texture (contour lines). Comparatively, very strong C and B
components are already observed in Figure 4.22(a). With increasing shear strain,
high intensity on C component slightly moved to B and A component, which form
C-B-A fibre, also known as <110> fibre. For ε phase, strong orientation inheritance
due to γ−ε transformation was obvious, especially at the center position. H3 fibre
texture in ε phase becomes stronger with increasing shear strain, so too does the H2
fibre. Other texture fibers like H1, H4, H5 and H6 did not show clear change with
rising shear strain. Another interesting phenomenon is from ¼R to R, intensity of
area that 30 degree far from H2 component towards SD direction becomes stronger
while intensity of C component in γ phase 111 pole becomes weaker accordingly. At
the rim of ½–revolution HPT disk, highly symmetric shear texture was observed for
both γ phase and ε phase, especially strong C-B-A <110> fibre and A*-A {111} fibre
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in γ phase 111 pole, while in ε phase, all the ideal shear texture components areas
were covered especially H5 and H2 fibre.

Figure 4.22 Texture of γ phase 111 pole (top row) and ε phase 0002 pole (bottom
row) at (a) centre, (b) ¼R, (c) ½R, (d) ¾R and (e) R of specimen after ½-revolution
of HPT
Results from the specimen after 1-revolution HPT was quite different from ½revolution HPT disk. First of all, very good agreement between compression texture
and the texture at center position was observed as is shown in Figure 4.23(a).
However, from the center to ¼R position, a large change in texture occurred, as high
the intensity area from compression had moved towards A* component. With further
torsion, the C-B-A <110> fibre becomes more concentrate. For ε phase, high
intensities were found in H2, H5 and H6 in the center position. From center to ¼R,
intensity had gradually moved from H5 to H4 fibre; at the rim of this specimen, very
strong intensity was found in H2 and H4 fibre.
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Figure 4.23 Texture of γ phase 111 pole (top row) and ε phase 0002 pole (bottom
row) at (a) centre, (b) ¼R, (c) ½R, (d) ¾R and (e) R of specimen after 1-revolution
of HPT

Figure 4.24 Texture of γ phase 111 pole (top row) and ε phase 0002 pole (bottom
row) at (a) centre, (b) ¼R, (c) ½R, (d) ¾R and (e) R of specimen after 3-revolution
of HPT
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Figure 4.25 Texture at (a) centre, (b) ¼R, (c) ½R, (d) ¾R and (e) R of specimen after
5-revolution of HPT
For HPT specimens after 3 and 5 revolutions (Figure 4.24 and Figure 4.25), although
textures at center position are less symmetric, from ¼R and so forth, the texture for
both γ and ε phase developed towards similar texture distribution at the rim of the 1revolution HPT specimen.

Figure 4.26 Texture of γ phase 111 pole at (a) centre, (b) ¼R, (c) ½R, (d) ¾R and (e)
rim of specimen after (1) ½-, (2) 1-, (3) 3- and (4) 5-revolutions of HPT
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For comparison, all the pole figures from γ phase 111 pole were listed in Figure 4.26.
First of all, a common feature for all the specimens was texture distribution which
started to be regular after ½R position, while unpredictable changes were observed
from center to ¼R position. Secondly, at different observing position, ½-revolution
HPT disk always showed highest intensity, which means the microstructure for ½revolution HPT disk was still highly orientated after half revolution of torsion. At the
rim position, all specimens showed a fairly similar distribution of high intensity
along C-B-A <110> fibre, however, only some have more uniform distribution of
intensity on <110> fibre, for instance in 1-revolution and 3-revolution HPT disks,
while other specimens display extremely strong intensity on C component.

Figure 4.27 Texture of martensite phase 0002 pole at (a) centre, (b) ¼R, (c) ½R, (d)
¾R and (e) rim of specimen after (1) ½-, (2) 1-, (3) 3- and (4) 5-revolutions of HPT
Figure 4.27 shows the pole figures of ε phase 0002 reflection for different positions
on specimen after various revolutions. It was also that the highest intensity was in ½revolution disk. More symmetry distributions of 0002 pole were only found from ½R
and forth. The main character of 0002 pole at the rim position had shown
coincidence across different specimens. At the center position of all specimens, very
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strong intensities were found at H3 and H5 components, with increasing shear strain,
intensity on H5 reduced significantly while intensity on H4 and H6 become stronger.
From the point of similarity between (111)γ pole and (0002)ε phase pole, at testing
spots with low shear strain, for instance the center and ¼R position of ½-revolution
disk, (111)γ and (0002)ε pole showed very much similar distribution. However, this
similarity was soon broken with increasing shear strain. Interestingly, at area with
high shear, such as rim of 1-revolution disk, ¼R to R of 3-revolution and 5revolution disks, (111)γ and (0002)ε pole showed very similar distribution again.
4.4.5

Discussion

4.4.5.1 Martensitic transformation in Fe-Mn alloy
As an interesting topic, martensitic phase transformation has been intensively
investigated over the decades. Based on well-established data, the driving force for γε transformation in Fe-Mn alloy is attributed to temperature change, cold
deformation and high-pressure soaking [61]. Within these three types of martensitic
transformation, it was proved by direct observation that high-pressure soaking and
cold deformation strongly affect phase equilibrium in Fe-Mn alloys; the familiar
orientation relationships between γ and ε phases, namely (111)γ //(0001)ε and closepacked directions [101]γ //[1120]ε are observed in all obtained structures
independently of the kind of driving force applied to promote the γ−ε transformation
€
[61].
€
The current study of γ−ε phase transformation of TWIP steel during HPT is a special
process, which contains high-pressure and severe plastic deformation. If it assumed
that torsion straining is instrumental to γ to ε phase transformation, it is obviously
controversial according to the fact that 40-58% of volume was found as ε phase at
the center of all HPT disks, whereby theoretically no shear strain is applied. At room
temperature, the γ to ε phase transformation occurs for pure iron under hydrostatic
pressure above 13 GPa [62]. Adding alloy element Mn will significantly reduce the
threshold pressure of γ to ε phase transformation, for instance, this drops to less than
7 GPa for Fe-14 mass. % Mn alloy [62]. Giles and Marder [63] reported the
transformation from austenite to hcp martensite at room temperature started from
hydrostatic pressure of 2.6 GPa for Fe-Mn alloy with 17.7 mass. % of Mn. Most
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importantly, the specimen was processed only by 6GPa pressure without following
torsion also contains hcp martensite phase (Figure 4.17). Therefore, in current study,
γ to ε phase transformation may occur before torsion had started.
There is another question that has to be pointed out: Whether these new diffraction
peaks in HPT specimen are from a martensite phase or from random stacking faults
in fcc γ phase? This question is common in deformation-induced phase
transformation. By transmission electron microscopy, Wu et al. [64] investigated the
strain-induced γ−ε transformation and twinning deformation of fcc structured cobalt
subjected to surface mechanical attrition treatment. They found if (1010) , (0002) ,
(1011) and (1012) reflections can be detected at the same time, then these diffraction

peaks result from a new hcp structured phase, rather than random stacking faults in
fcc γ phase region. Therefore, this new hcp structure is notated as ε phase, which is
due to deformation-induced martensitic transformation.
The nature of this transformation is transferring γ phase to ε phase under high
pressure, that can reduce the energy of the whole system. Although it could not be
completely determined whether γ to ε phase transformation had been accomplished
before torsion started, it was clear that specimens contained γ and ε two phases when
torsion straining started. According to the phase rule, while the torsion straining is
added to the specimen, the equilibrium of γ and ε phase under only high-pressure
condition is broken, the microstructure of the specimen has to change via certain
deformation mechanisms. Specifically, the γ phase contained in current material has
low stacking fault energy, which makes deformation twinning favorable. In this case,
will twinning and martensitic phase transformation dominate the procedure of
consuming the torsion straining? The following paragraphs will discuss the activity
of these deformation mechanisms.
4.4.5.2 Phase transformation and microstructure refinement
The main application of SPD processes including HPT, are to obtain ultra-refined
microstructure, especially nanometer scale grains or particles. Many researchers [27,
33, 34, 35, 45] have proved this point by investigating a large number of pure metals
or alloys processed by HPT. In current study, diffraction peak width is used to
qualitatively indicate the mean size of material after different revolutions of HPT. As
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shown in Figure 4.20, at the three representative positions, namely the center, ½R
and the rim, all the peak width of γ phase reflections increases with the number of
revolutions. However, for most of the ε phase reflections, no certain regular pattern
can be follow. Instead, a strange result was seen in Figure 4.20 (c), whereby with
increasing the number of revolutions, peak width of ε phase reflection dropped
dramatically. Apparently, the HPT process is accomplished only by stacking faults
and twin boundaries migration [27], which is different in comparison to when phase
transformation is involved in the HPT process. As the sketch map shows in Figure
4.28, as-received material contains large grain size γ phase and a few twin lines from
previous mechanical processing (Figure 4.28(a)). After high-pressure pressing, ε
crystals were formed as wide plates within γ grains (Figure 4.28(b)), with the torsion
straining, γ to ε phase transformation could continue only if the shear along (111)
plane <112> direction is encouraged by the grain’s local stress condition and form
finer ε phase plates (Figure 4.28(c)). If this transformation is not favorable by local
stress, the balance between γ phase and ε phase under only high-pressure condition
has been broken; then, slip and twinning in both phases were activated to
accommodate the shear strain. Consequently, the original structure of γ phase matrix
contained highly aligned ε phase, which is then changed to the microstructure
possessing a refined grain size and texture with lower preferred orientation (Figure
4.28(d)). Although within one plate of ε phase, misorientations and stacking faults
also existed due to complex strain conditions (Figure 4.28 (d)). As observed from
TEM images (Figure 4.18), ε crystals have various widths in γ grain matrix. While
the shear stress is increasing, intrinsic and extrinsic stacking faults were widespread
in the specimen, which refine the material into ultra-refined structure as is observed
in Figure 4.18(c).

Figure 4.28 Schematic map of γ−ε phase transformation for TWIP steel during HPT
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However, from the integrated diffraction width of γ phase and ε phase shown in
Figure 4.20, reflections from γ phase always followed the rule of peak broadening
with increasing number of revolutions, which is predictable as grain refinement of γ
phase and increasing of crystallographic defects like stacking faults and grain
boundaries. However, diffraction peaks from ε phase did not display any agreement
with this principle. The author speculates the reason for this phenomenon is, because
the ε phase is formed based on stacking faults in grains with preferred orientation.
These conditions restricted the uniform distribution of the newborn ε phase at the
beginning. As a result, the diffraction peaks of ε phase were already very broad at the
low shear strain position.
4.4.5.3 Grain’s orientation distribution affected by phase transformation
Although the relation between texture and martensitic transformation has been
widely investigated, this is the first time to discuss the evolution of texture with
increasing shear strain during HPT process, which involves martensitic
transformation. Following the preliminary martensitic transformation in highpressure loading, γ grains have been divided into two families: grains with
orientation favoring γ−ε transformation and grains that do not satisfy the criteria for
γ−ε transformation, namely unfavorable grains. Those γ grains that meet the
martensitic transformation condition have already contained martensite structure.
With additional torsion stress, which has a directional difference of 90° compared
with compression stress, the resultant forces vary with different location due to the
change of shear stress with radius. Furthermore, the integrated forces from
neighboring grains may suddenly twist the orientation of a grain whose orientation
favors γ−ε transformation into an unfavorable direction. Consequently, a similar
situation can also occur for originally unfavorable grains rotated to a new orientation
that component shear stress on (111)[112] is enough to initiate γ−ε transformation.
However, the above supposition is made based on individual grain behavior, which is
against the reality that the HPT disks in current study were polycrystalline, dualphase material under severe-plastic deformation procedure. It is extremely hard to
investigate this complex plastic deformation procedure in-situ. The texture measured
at different positions along the radius direction provided grains orientation
information from a 150×150×800 µm3 bulk volume of the specimen, which is more
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practical to reflect how grains orientation change due to additional torsion strain. In
texture of 1-revolution HPT disk (Figure 4.24), the greatest change in texture for
both γ and ε phase occurred from the center to ¼R, where increased intensities in γ111 pole at ¼R stem from the H6 position in ε-00.2 pole at center position. This
indicates newly loaded shear stress had reversed some ε phase back to γ phase. At the
same time, some areas, e.g. high intensity area at SD direction in γ-111 pole became
weak from the center to ¼R. This demonstrates that at first quarter from the center,
grains change their orientations suddenly by displacive transformation to
accommodate the change of stress conditions. From ¼R forth, strong indication of
shear texture formation could be tracked. For γ phase, the high intensity on A*
component at low strain position developed to B and C components at high shear
strain position, which is in agreement with texture investigation on HPT deformed
fcc structure Al carried out by Orlov et al. [45].
However, the development of shear texture did not continue, as is shown in Fig 4.26,
with no significant change of γ phase 111 pole occurring for ½R to R on 3- and 5revolution HPT disk.
Simple phase transformation will not be able to accommodate the severe plastic
deformation, other deformation mechanisms/systems are required to assistant this
process. Otherwise, austenite phase should not show strong agreement with the ideal
shear texture. However, for martensite phase, due to strong inheritance of orientation
relationship between (111)γ and (0002)ε, texture on (0002)ε pole showed
coincidence with (111)γ. Therefore, only relying on texture results from (0002)ε was
not enough. In Figure 4.29, in order to observe the details of texture part from
highest intensity on SPN pole, texture evolution of (1010) ε poles for ½-resolution
HPT disk are plotted in logarithm scale of [0.3, 1.7] (Figure 4.29 (1)) and [0.1, 2.9]
(Figure 4.29 (2)). The white area on SPN pole in Figure 4.29 (1) means the real
intensities in these areas are greater than the maximum value (1.70) of color scale.
Unfortunately, no clear evidence has been found to indicate any trend for the change
of texture on ideal shear texture components increasing or decreasing with rising
shear strain from (a) to (e) in Figure 4.29 (1). Therefore, it is inconclusive for
deformation mechanisms of martensite phase only based on texture results, further
investigation from TEM is required to observe the orientation relationship and the
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structure of interphase between ε phase and γ grains matrix.

Figure 4.29 Rescale of (1010) ε pole for specimen at (a) centre, (b) ¼R, (c) ½R, (d)
¾R and (e) R on HPT disk after ½-revolution. Row (1) is plotted in colour scale [0.3,
1.7] and row (2) plotted colour scale of [0.1, 2.9]
€

4.4.5.4 Effects of die geometry on HPT processing and inhomogeneity of HPT
procedure
In the current study, the ε phase volume fraction change with shear strain, indicated
that both γ − ε and ε − γ martensitic transformation were co-existant during HPT
processing of TWIP steel. Apart from ½-revolution HPT disk, which had increasing
ε phase with shear strain first and then a drop at the rim of the disk, results from
other three specimens only have shown a decreasing ε phase volume fraction with
raising shear strain. This result leads to further discussion of the influence from HPT
devices die geometry on deformation process, especially when phase transformation
is involved. Zhilyaev et al. [41] investigated the influence of die geometry on α to
(ω+β) transformation in pure Zr processed by HPT. They found the α to (ω+β)
transition applied pressure is lower when using an unconstrained press, than when
using a constrained press, as in the latter the stress state in the sample is closer to
hydrostaticity; the full transformation of α to ω phase takes place only when using
the unconstrained die. However, a quasi-constrained setup was used in HPT
processing for the current study. For constrained HPT anvils, where the sample fits
into a cavity in the lower anvil and because of high back-pressure, there is no
outward flow during torsion straining; while in unconstrained HPT setup, the sample
experiences only a minor back-pressure due to frictional forces so that it is free to
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flow outwards under the applied pressure [65]. Comparatively, the sample in quasiconstrained HPT setup is confined within and between the two anvils, but with the
occurrence of some limited outward flow during processing [65].
Previous studies suggest that the occurrence of high hardness and significant grain
refinement around the edges of disks processed by HPT with low hardness and little
or no grain refinement in the center. Early experiments revealed a microstructural
evolution with increasing strain, so that the structure gradually becomes reasonably
homogeneous [65]. This evolution was explained in terms of a model in which the
internal deformation within the disk develops in an undulating manner, in the outer
ring of the disk and then spreads inwards to the center [65]. With increasing number
of revolution, microstructure of HPT is more homogeneous, which appears like a
single vortex in the center and spreads uniformly towards the edge of the HPT disk
[66]. However, this model is not consistent with the later observation [67] of dual
phase stainless steel processed by HPT, whereby double-swirl shear pattern emerges,
where the two centers of the double-swirl attract each other and move towards the
center of the HPT disk. Although these local shear strain vortices, which are more
obvious at low numbers of revolutions and will disappear after large number of turns,
the ½-revolution HPT disk in the current study has much more chances to contain
this vortex and swirl microstructure. If this is true, then the increasing volume
fraction of ε phase from center to ½R on ½-revolution HPT disk is a consequence of
vortex and swirl microstructure. Further investigation by low magnification
microscopic work is required to answer this question.
In addition, inhomogeneity along the axial direction is also unavoidable. The
systematic investigations structural inhomogeneities in L12 long-range-ordered
Zr3Al subjected to deformation by HPT from Geist and co-authors [68] suggest that
the inhomogeneities consist of banded regions of nano-grained and coarse-grained
material, aligned predominantly parallel to the shear plane. In the interface area
between the ultra-fine grained and the coarse-grained material, the grain size
decreases by three orders of magnitude and the diffraction pattern changes from a
pronounced fiber texture to diffraction rings of rather homogeneous intensity [68].
4.4.6 Conclusions of TWIP steel processed by HPT
In contrast with previous studies during tension and compression, where no phase
transformation had been found, γ (fcc) to ε (hcp) martensitic phase transformation
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has been observed in Fe-Mn-Si twinning-induced plasticity (TWIP) steels processed
by high-pressure torsion (HPT) by synchrotron high-energy X-ray diffraction. The
volume fraction of ε phase decreases with increasing revolutions and from center to
periphery area on HPT disks. Lath structure of a few nanometers in width was found
by transmission electron microscopy (TEM). Texture at different positions along the
specimen’s radius direction, indicated predominant compression texture components
at the center, while shear texture components become stronger at the rim.
Specifically,

shear

texture

component

<110>

fiber

for

γ

phase

and < 2110 > {0001} for ε phase were strengthened with shear strain. In this section,
strain and stress conditions for activating different deformation mechanisms, namely
martensitic transformation, twinning and slip have been discussed for TWIP steel,
which possesses low stacking fault energy.
4. 5 Discussion of deformation mechanisms of TWIP steel
As this was the first time to apply synchrotron and neutron diffraction into
investigation of TWIP steel deformation mechanisms, no existing results could be
used as direct comparison.
Where does the high strength of TWIP steel come from?
As discussed in the literature review of TWIP steel, the high strength and excellent
ductility is derived from mechanical twinning during plastic deformation of TWIP
steel. As Sevillano [3] stated, the thin, whisker-like, nanometre scale twin lamellae
contribute to the strength of this material. In particular, the twins become a necessary
requirement due to their lamellae geometry, these twins are quasi-continuous across
the matrix domains and therefore they must suffer the same in-plane displacements
underwent by the matrix in order to maintain compatibility at the interface.
In current study, it was found that twinning play a significantly important role in
aiding TWIP steel to achieve its high strength. In Figure 4.3, the serration shape
strain-stress curve is observed in tension deformation, as Sevillano [3] described,
twin’s strength is of the order of a few GPa, materials local structure requires the
development of back-stress. However, these amounts of stress will be released by
dislocation movement, that is where the serration shape occurred both on strainstress curve and azimuthal-angle time plot (Figure 4.4), where diffraction intensities’
alteration along azimuthal angle direction. Although no detailed evidence has been
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found from microscopy work, the current study provided the information to prove
this speculation from an integrated volume rather than individual grain.
How twins are originated and the activity of twinning at different stages of
deformation?
Barbier et al. [7] explored the contribution of EBSD to characterizing the twinning
microstructure in fine-grained 22Mn-0.6C TWIP steels and discusses the influence of
twinning on the remarkably high work hardening during a tensile test. Comparing
two EBSD maps at different deformation levels allows one to qualitatively appraise
the evolution of the twinning activity. With increasing deformation, dense bundles of
nano-twins developed, whose orientations can be measured by EBSD. As a
conclusion, Barbier et al. believed the onset of twinning in the largest grains
coincides with an increase in strain hardening at 0.02 true strain.
In the current study, it was observed that the onset of twinning by the sudden
appear/disappear of diffraction intensity on azimuthal-angle time plot (Figure 4.3).
Also by EPSC model, we predict the onset of twinning is at macroscopic stress
equaled to 550 MPa and true strain of 0.044. The activity of twinning has been
predicted by VPSC model. For tension deformation, the activity of twinning
increased from 0% at the start to 12%, as specimen was deformed to 0.43 of true
strain; for torsion deformation, at shear strain equals 1, the activity of twinning was
11%, this number increased to 28% while shear strain rises to 3. Both of these
simulations were operated on mode of “slip plus twinning”.
What is the effect of twinning and dislocation gliding on texture?
Development of deformation texture has been observed and quantitatively analyzed
for the TWIP steel specimens, processed by unidirectional compression, tension and
torsion. For tension deformation, high intensity of 111 pole and 200 pole along
loading direction was observed. With increasing total strain, the maximum intensity
and distribution of texture became stronger. At the beginning of tension deformation,
twinning has an considerable influence on the original distribution arrangement of
the grains. However, with increasing strain and refined microstructure, twinning has
less and less effect on deformation texture, in contrast, it is dislocation gliding
emphasizing the grains preferred orientation. By VPSC model, the contribution of
slip and twinning on deformation texture (Figure. 4.8) displayed that texture by
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solely slip or twin keep coincidence until ε = 0.13, afterwards, deformation by only
twinning will start to deviate from the experimentally measured texture. Supportive
evidence can be found from tensile testing of Fe-22Mn-0.6C TWIP steel carried out
by Barbier et al. [14]. The testing of Fe-22Mn-0.6C TWIP steel along the transverse
direction (TD) produces a sharp texture with a pronounced <111>//TD fibre, but
weak <100> // TD and <100> // TD fibres. Primary twins occurred due to the
presence of Goss and Copper orientations of the weak initial texture. Twins were
activated in the first stage of deformation at about 0.02 true strain and 550 MPa. It is
shown that with increasing deformation, the development of the main <111>//TD
fibre reinforces the twinning activity. Thus, mechanical twinning does not create
additional orientations, but slightly increases the density of the existing orientations.
As the texture strengthens with further deformation, a strong orientation dependence
of twinning was observed. Among the fibre components promoted by the tensile
deformation, grains from the main <111>//TD fibre orientation were suitably
oriented for twinning, whereas those from the weak <100>//TD fibre orientation will
deform by dislocation slip.
In addition, the effect from strain rate on deformation texture was also investigated in
the current study. Specimens deformed to 50% engineering strain with strain rate of
10-4, 10-3, 10-2 and 10-1/s did not show obvious difference in final texture, from both
the point of maximum intensity and distribution. This situation did not change while
the TWIP steel specimen was under unidirectional compression and shock-load
compression. Therefore, it is concluded that at room temperature, deformation strain
rate has a negligible influence on deformation texture.
4. 6 Conclusions
In this chapter, the microstructural evolution of Fe-Mn-C alloy after three different
deformation processes, namely unidirectional tension, unidirectional compression
and high-pressure torsion was characterized by synchrotron high-energy X-ray
diffraction and neutron diffraction. EPSC and VPSC model were used to simulate the
activity of slip and twinning; the technique of obtaining texture from individual 2D
diffraction image was used to follow the change in texture during deformation. The
major findings of this study on TWIP steel are listed as follow:
•

By the use of high-energy synchrotron X-ray diffraction, the alternating
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interaction of {111} <110> slip and {111} <112> twinning has for the first
time been directly observed in-situ.
•

The unique properties of TWIP steel - excellent ductility and high work
hardening rate - can be explained by the interaction of slip and twinning.

•

In contrast with with pure copper, deformation of TWIP steel showed
different features on diffraction pattern compared with copper. The
disappearing of diffraction intensity has shown the accruing of sudden
changes in grain’s orientation, which is related to twinning.

•

Interpreted by EPSC modelling, the deviation from elastic lattice strain was
an indication that plastic deformation initiates within a specific grain
orientation. Along loading direction, the 200 reflection was the first to deform
plastically (at ~ 375MPa) on a micro-scale, before the macroscopic yield
stress of 450 MPa was attained.

•

The deformation texture was determined mainly by dislocation gliding, while
deformation twinning impedes the reinforcement of texture.

•

Activity of twinning increases with plastic deformation, and reaches its
maximum value of 12% while the specimen is deformed to true strain of 0.43.

•

{111}-fibre texture was developed during tension of TWIP steel at room
temperature; the maximum intensity on 111 pole and 200 pole becomes
stronger with raising total strain. At early stage of deformation (~0.1 true
strain), deformation texture due to twinning maintained the coincidence with
experimentally measured texture. With further tension, simulated texture with
only twinning started to deviate severely from experimental result.

•

During tension tests of TWIP steel with different strain rate (10-4 ~ 10-1/s)
until 50% strain, no significant different of final texture was found.

•

Deformation mechanisms of low-stacking faults energy materials TWIP steel,
under different strain rates have been investigated by high-energy X-ray
diffraction and optical microscopy. Although no significant texture difference
among the specimens deformed by 1x105/s, 100/s, 10/s and 0.01/s have been
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found, high-strain rate deformed specimen possessed a higher intensity of F
( (111)[121]) component and lower intensity in E ( (111)[1 10]) component,
which were related to slip and mechanical twinning respectively.
•

Also, slow-rate deformed sample was detected obtaining wider integrated
diffraction peak width, which was a sign of refined structure and higher
dislocation density.

•

Overall, these results indicated that low-strain rate deformation involved
more dislocation gliding, while high-strain rate deformation favoured
mechanical twinning. For medium-strain rate deformation, its deformation
mechanism was displayed closer to high-strain rate, rather than low-strain
rate deformation.

•

For TWIP steel processed by high-pressure torsion, hcp structural martensite
phase was found in addition to austenite phase.

•

Shear texture was built during torsion, which indicated that martensitic
deformation was not the only mechanism to contribute to accommodate
severe plastic deformation of TWIP steel.

•

The phase volume fraction of hcp martensite phase decreases with increasing
number of torsion revolutions; and from the centre to the periphery area on
the HPT disks.

•

At low shear strain area, the activity of twinning increased from 11% at γ = 1
to 28% at γ = 3. Activity of twinning could not be predicted by VPSC model
as it exceeded the limit of this material under simple shear deformation.
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5

PHASE TRANSFORMATION AND HOT DEFORMATION OF ZR
ALLOY

After cold deformation discussed in Chapter 3 and 4, the author obtained the
understanding of what plastic deformation reflected on 2D diffraction data,
especially the relation between macro-scale strain-stress and the crystallographic
evolution. However, heat treatment and hot deformation counts the majority for
materials processing applied in industry. For the purpose of the current study, which
aims to investigate the application of in-situ synchrotron and neutron diffraction in
materials processing, a complementary research of Zr alloy during thermalmechanical processing is carried out and the results proved again the advantages of
such in-situ diffraction studies.
5. 1 Introduction
The work reported in this thesis investigates the microstructure and crystallographic
change for ZrNb alloys during a thermo-mechanical processing. This subject is
important not only because it provides useful information for manufacturing and
application of the material, but also helps to gain a theoretical understanding of the
dynamics during a phase transformation under equilibrium and non-equilibrium
thermal conditions.
Zirconium based alloys are widely used in water cooled reactors because of their low
neutron absorption, good mechanical properties, low irradiation, creep and high
corrosion resistance in the reactor atmosphere. The alloy Zr-2.5Nb is currently used
for pressure tubes in the CANDU (CANada Deuterium Uranium) reactor, which
operates at 350℃-550 ℃ [1]. These Zr-2.5Nb pressure tubes used in fuel bundles
and primary coolant are approximately 6.3 m in length, internal diameter of 104mm
and a wall thickness of 4.2mm [2]. The manufacturing process of the Zr–2.5Nb
pressure tubes including nominally extrusion at 815 ºC, cold-worked by 27%, and
stress relieved at 400 ºC for 24 h, resulting in a structure consisting of elongated
grains of hexagonal-close-packed α-Zr, partially surrounded by a thin network of
filaments of body-centred-cubic β-Zr [2].
Apart from the pioneer research work of Zr-Nb alloy [3-8] carried out late last
century, recently, research work related to Zr-2.5Nb alloy has been concentrated in
two aspects: (1) materials microstructural evolution of Zr-2.5Nb alloy during
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manufacturing, which includes texture’s change during α−β phase transformation [2,
10-11], morphology of the bcc phase and its impact on material’s mechanical
property; (2) material’s performance under service condition, which focuses in the
formation of hydrides [12-21], the crack growth and propagation [13,16,17,20,22],
the texture’s evolution during creep [23,24 25] and irradiation induced voids and the
accumulation of dislocation [9,24, 26,27].
Nevertheless, the author can not find sufficient information regarding to the crystal
structural evolution of β-Zr(Nb) phase during thermal process in the recent published
literatures. However, for researchers who intend to simulate the mechanical
properties of Zr-2.5Nb alloy after thermal-mechanical processing, or the crystal’s
plasticity under service condition, the lattice parameter’s dynamic change of β-Zr(Nb)
phase is very important.
The current chapter includes two parts: the first one is the phase transformation of
Zr-2.5Nb alloy investigated by neutron diffraction and synchrotron high-energy Xray diffraction. The α−β phase transformation behavior of Zr-2.5Nb (in mass %) has
been characterized in real time during an in-situ neutron diffraction experiment. The
Zr-2.5Nb material in the current study consists, at room temperature, of α-Zr phase
(hcp) and retained, Zr rich β-Zr(Nb) phase. It is suggested that this is related to a
quench off the equilibrium solubility of Nb atoms in the Zr bcc unit cells. Vegard's
law combined with thermal expansion is applied to calculate the composition of the
β-phase, which is compared with the phase diagram, revealing the system's kinetic
behavior for approaching equilibrium. The second part is an in-situ observation of
dynamic recrystallization, for nuclear material Zircaloy-4 during thermal-mechanic
simulation.
5. 2 In-situ characterization of lattice structure evolution during phase
transformation in Zr-2.5Nb
As an important nuclear reactor material, Zr-2.5Nb (all concentrations in mass %,
unless otherwise stated) has a low neutron absorption cross-section, high corrosion
resistance and high strength and creep resistance [28]. The phase diagram of the
binary system is shown in Figure 5.1 [2]. In thermodynamic equilibrium at room
temperature it consists of α-Zr phase (hcp) and β-Nb phase (bcc), while α-Zr and Zrrich, β-Zr(Nb) co-exist between the eutectoid temperature of Teu = 893 K and the
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solvus temperature of Tβ = 1087 K in Zr-2.5Nb. A β-phase solid solution is stable
above Tβ. The alloy has been studied widely, considering aspects of the chemistry,
texture and morphology of the microstructure following different heat treatments,
high temperature deformation as well as variant selection during phase
transformation.

Figure 5.1 Binary phase diagram of Zr-Nb alloy. [29]
In the current study, a high-intensity neutron diffractometer in combination with a
vacuum furnace has been used to determine for the first time, the crystalline
properties of a Zr-2.5Nb alloy in-situ during the α-β phase transformation. By
combining thermal expansion and Vegard's law, the phase transformations and the
diffusion of alloying elements can be tracked and the results compared to the phase
diagram. The outcomes of this investigation are consistent with earlier thermal
expansion experiments and Time-Temperature-Transformation curves recently
determined for Zr-2.5Nb nuclear reactor pressure tubes by using X-ray diffraction
analysis. [2]
5.2.1

Experimental procedure

The starting Zr-2.5Nb material was obtained from extruded billets. The alloy
specification is given in Table 5.1. The material was machined by wire cutting to a
final form consisting of cylindrical specimens of 5 mm diameter and 20 mm length.
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Scanning electron microscopy was employed to ascertain the microstructure of the
as-received material, presented in Figure 5.2.

Table 5.1 Chemical specification of the Zr-2.5Nb alloy
Nb

Fe

O

(mass %)

(mass %)

(ppm)

2.4 - 2.6

0.08 - 0.1

1000 – 1200

Other impurities

Zr

< 800 ppm

balance

Figure 5.2 Scanning electron micrograph of Zr-2.5Nb, viewed after ion beam
etching.
For in-situ investigation during heating process of Zr-2.5Nb, four experiments were
carried out. They are (1) laboratory X-ray diffractometer; (2) high-intensity neutron
powder diffractometer; (3) high-resolution neutron powder diffractometer; (4) highenergy X-ray diffractometer.
For Laboratory X-ray diffraction test, the specimen with dimension of 0.5 mm
thickness and 8 mm diameter is etched. In-situ Bragg-Brentano X-ray diffraction
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measurements were carried out using a PANalytical X’Pert Pro Diffractometer. The
desired temperatures and dwell times were programmed prior to the start of the
analysis. The sample is placed on a platinum heating strip, heated to 1173K, X-ray
data were collected at certain critical temperatures during the ramp-up. All
measurements were done in vacuum (4×10-4 Torr). The incident beam from the Cu
Kα source has wavelength of λ = 0.154056 nm.
In-situ neutron diffraction tests were conducted on both the high-intensity powder
diffractometer Wombat [30] and the high-resolution powder diffractometer Echidna
[31] at ANSTO. The ILL standard High Temperature Neutron Scattering Furnace
was used on both instruments. This device, developed by the Institute Laue Langevin
(ILL), commercialized by AS Scientific, exposes a cylindrical sample environment
geometry placed in the center of the diffractometer, designed by resistive heating
elements and heat shields made out of thin niobium foils, while the outermost
window is aluminium. The specimen hangs off the top-loading sample stick, which
contains a thermo-couple for temperature measurement. While Wombat allows to
scan on a continuous temperature ramp, Echidna provides highly accurate data at
given, stabilized temperatures.
At Wombat, the wave number and wavelength were k = 3.767 Å-1 and λ = 1.668 Å,
respectively, delivered by a focusing Ge-511 monochromator at takeoff angle
2θm = 100°. In this study, the specimen was heated from room temperature to 773 K
at a rate of 20 K/min and from 773 K to 1273 K at 2 K/min while diffraction patterns
were continuously recorded every 1 min using the cylindrical position sensitive area
detector, covering an in-plane range of 120° in diffraction angle 2θ.
Echidna was configured with a Ge-533 monochromator operating at 2θm = 140°, k =
3.874 Å-1 and λ = 1.622 Å. In this experiment, the specimen was heated from room
temperature to 923 K, and the temperature subsequently increased by 50 K per step.
At each temperature, the specimen was held for 13 min of equilibration time prior to
60 min data collection time.
In order to further check the influence of heating rate to the diffusion process in Zr2.5Nb during heating, another in-situ diffraction experiment is carried out with
heating rate of 120K/min, which is much faster than 2K/min in previous section.
However, limited by the heating rate from the vacuum furnace used in neutron
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instruments Wombat and Echidna, resistant heating system with speed of 120K/min
provided by ETMT instrument in ID15B/ESRF is used for fast heating rate
experiment on Zr-2.5Nb. From the same extruded billets, the material was machined
by wire cutting to a dog-bone shape specimen with rectangular cross section of
2 mm × 1 mm and 15 mm length. With resistance heating by the ETMT, the
specimen is heated from room temperature to 1299 K with a speed of 120 K / min.
The beam size used in this test was 150 × 150 µm2 and the incident energy was
87.6 keV. While the specimen was heated up, the diffraction images was recorded by
frequency of 2 Hz
The diffraction patterns were analyzed using the Rietveld method and individual
peak positions were calculated by single peak fitting. A pseudo-Voigt profile
functions was used to fit the peaks. All diffraction data is presented in reciprocal
space q = 2 k sin (θ) = 4π sin (θ) / λ, where θ is the Bragg angle. The resolution in
lattice parameters is estimated from the instrument functions described in [30] and
[31], considering a full pattern refinement, and evaluate to 10-4 and 10-5, respectively,
for Wombat and Echidna.
The initial Zr-2.5Nb material is presented in Figure 5.2, revealing a typical fine
microstrucure, composed of laths of α-phase interfacing with very fine filaments of
β-phase regions between the matrixes of the α phase.
5.2.2

Results

5.2.2.1 Laboratory diffractometer measurement
The diffraction patterns from each critical temperature, as 773K, 798K, 823K, ... ,
1173K is plotted in Figure 5.3. First of all, the diffraction pattern at 773K contains
only reflections from α-Zr phase. During heating process, the α to β phase
transformation starts from 893K, which indicates the heating system is reliable.
Reflections (10.0)α, (00.2)α and (10.1)α has the highest intensity over all other
reflections.
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Figure 5.3 2D plot of diffraction intensity as a function of temperature while the
specimen is heated from 773K to 1173K, in-situ measurement is carried out by
laboratory X-ray diffractometry.
5.2.2.2 High-intensity and high-resolution neutron diffraction
A diffraction pattern obtained at room temperature is shown at the top of Figure 5.4.
In addition to the majority of a-Zr phase, the pattern reveals a relatively large amount
of retained β-Zr(Nb) phase close to eutectoid composition with lattice parameters of
a =3.4361 Å.
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Figure 5.4 Diffraction pattern of the as-obtained Zr-2.5Nb at room temperature (top)
and its temperature evolution (bottom) with intensities coded in gray levels.
The bottom part of Figure 5.4 shows a stacked sequence of such individual
diffraction patterns. Temperature is shown on the vertical axis and the diffraction
intensity is indicated by grayscale values. It follows that the amount of the β-Zr(Nb)
phase starts to increase above Teu = 893 K while the α-Zr phase vanishes totally at
1133 K, which is 46 K above α to β phase transformation temperature. We attribute
this sluggish behavior to the kinetics of the displace character of the α-β
transformation, which evolves by collective crystallographic rearrangements as
compared to a diffusively driven transition. Careful evaluation of the lattice
parameter allows the effect of the alloy element Nb on this hcp-bcc transformation
process to be investigated. The diffraction peaks of the retained β-Zr(Nb) phase, such
as the β-200 peak in Figure 5.4, initially appear at higher scattering vectors and shift
to the position of the expected β solid solution peaks during the phase transformation.
Distinctive from previous studies of α-β transformations in Zr and Zircaloy-4 [6],
which are martensitic in nature and have strict crystallographic transformation
relations, the phase transformation process in the present case includes the migration
and dissolution of Nb atoms by the transforming α-Zr into a high temperature, Zrrich β-Zr(Nb) solid solution.
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In contrast to intensity evaluations leading to phase fractions, deeper understanding
of the phase transformations is obtained by careful evaluation of the lattice
parameters. Particularly in a cubic system, lattice strain due to the change of
composition is isotropic and it can be assumed that Vegard's law is valid and hence,
the atomic concentrations of the β-phase can be calculated as shown by Equation 1.
aZr(Nb)(T) = x aNb(T) + (1 − x) aZr(T)

(1)

where aZr(Nb) , aNb and aZr, at a given temperature T, are the lattice parameters a of the
structural bcc phases β-Zr(Nb), β-Nb and β-Zr respectively; x is the atomic
concentration of Nb in Zr(Nb) alloy, which can be converted with the atomic masses
ANb = 92.91 and AZr = 91.22 to mass fraction
y = (x ANb) / (x ANb + (1-x) AZr)

(2)

The temperature dependencies of a in pure β-Zr and β-Nb at different temperature
are obtained by the entries #76168 and #76416 of the Inorganic Crystal Structure
Database, respectively, and references therein. The listed, discrete values are then
fitted and extrapolated by the polynomials:
aZr(T) = 3.5644 + 3.5216·10-5 T

(3)
-5

-9

2

aNb(T) = 3.29506 + 2.24593·10 T + 2.59121·10 T

where a is measured in Å and T in K.
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(4)

Figure 5.5 Lattice parameters for the β-phases as a function of temperature, including
the experimental data of the β-Zr(Nb) alloy upon heating and cooling. The dotted line
corresponds to a calculated value of Zr-2.5Nb. The estimated error of experimental
data is Δd/d ~ ±1 %.
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Figure 5.6 Nb concentration of β-Zr(Nb) phase during heating and cooling with the
rate of 2 K/min. The black line is the accepted Zr-Nb phase diagram; the light gray
line represents the continuous heating process; the dark gray line represents the
continuous cooling process while the dotted line is obtained by data acquired during
60 min temperature holding steps.

In detail, at each recorded temperature, the lattice parameters calculated for pure βNb and β-Zr phases, and measured for the β-Zr(Nb) phase can be solved for the
composition x in Equation (1). In the same way, a theoretical lattice parameter for a
homogeneous solid solution Zr-2.5Nb can be calculated, represented by the gray
dotted line in Figure 5.5. Above ~1100 K, the measured lattice parameter is parallel
to this line, indicating that the equilibrium composition of this solid solution has been
attained. Because a calibration standard could not be run within the sample
environment, the instrument has been calibrated to match the lattice parameters of
theoretically calculated and experimentally determined values in the solid solution.
From this point onwards, calculated composition data by Equation (1) are
superimposed onto the accepted phase diagram as shown in Figure 5.6. Error bars in
concentration are mainly due to temperature fluctuations between the set point and
the sample, accumulating to ±1 %, which is about the size of the symbols in
Figure 5.6.
The retained β-Zr(Nb) phase in the as-received material contains approximately 28±1
mass % of Nb. Upon heating the as-received material, the concentration of Nb within
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the β-Zr(Nb) phase suddenly increases to 31.52 mass % at 823 K, before it decreases
to meet the eutectoid composition of 19 mass % at 893 K. Above the eutectoid
temperature of 893 K, the Nb contents decreases gradually, following the phase
boundary line in the phase diagram, but deviates slightly before reaching the
equilibrium value of 2.5 mass % Nb in solid solution at 1173 K. During subsequent
cooling, the measured Nb concentration line remains at 2.5 mass % at 1187 K, which
exactly matches temperature Tβ in the phase diagram. After following the phase
boundary line accurately down to 983 K on further cooling, the measured Nb
concentration deviates to slightly lower values than indicated on the phase diagram
and enters the (αZr+βNb) dual phase field. At 823 K, the Nb content freezes in
23 mass %.
In the Echidna experiment, more time compared to the Wombat measurement was
allowed for the decomposition of β-Zr(Nb) phase during the holding times. The
lattice parameter of β-Zr(Nb) phase was measured as described before and Vegard’s
law was used again to calculate the Nb composition. The results of this exercise are
indicated in Figure 5.6, revealing that the retained β-Zr(Nb) phase decomposes
almost completely into its eutectoid components during the holding time. The
eutectoid Nb-rich β-phase reaches a composition of 85 mass % Nb. This result is
consistent with the equilibrium Zr-Nb phase diagram.
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Figure 5.7 Normalized diffraction integral intensities of α-Zr phase reflection 100,
102 and β-Zr(Nb) phase reflection 200, which are superimposed with the calculated
Nb concentration at the right ordinate.
Figure 5.7 presents the relative behavior of the intensity of selected α-Zr and βZr(Nb) reflections approaching and cutting across the eutectoid temperature of 893 K.
While there is moderate increase in α-Zr, β-Zr(Nb) firstly starts to decrease at 773 K
and reaches a significant minimum around 843 K before it strongly increases again.
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Figure 5.8 Nb concentration of β-Zr(Nb) phase during heating and cooling with the
rate of 20 K/min. The black line is the accepted Zr-Nb phase diagram; the light gray
line represents the continuous heating process; the dark gray line represents the
continuous cooling process.
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Figure 5.9 Nb concentration of β-Zr(Nb) phase during heating and cooling with the
rate of 10 K/min. The black line is the accepted Zr-Nb phase diagram; the light gray
line represents the continuous heating process; the dark gray line represents the
continuous cooling process.
Apart from the heating and cooling speed of 2K/min was carried out on highintensity neutron diffractometer, another two heating/cooling rates, 20K/min and
10K/min were also tried on the same instruments. After the same procedure of data
analysis as we did on specimen with 2K/min heating/cooling rate, the results were
plotted in Figure 5.8 and Figure 5.9 respectively. In Figure 5.8, under the eutectoid
temperature of 893K, Nb concentration is varying between 25% and 29%, which did
not show the evidence of sudden change towards high Nb concentrations around
823K as it is observed at heating rate of 2K/min. At the same temperature range in
Figure 5.9, the stability of Nb concentration becomes even worse. Even an abrupt
change of Nb concentration can be found at T = 850K in Figure 5.9, due to large
error bar on the curve of Nb concentration while heating, it is hard to conclude that it
is the same situation as the specimen of 2K/min heating. Above the eutectoid
temperature, change of Nb concentration in both Figure 5.8 and Figure 5.9 shown
good consistence with the β phase line in phase diagram. However, during the
following cooling process, 20K/min cooling rate specimen displays very much
deviation from the α phase line in the phase diagram.
5.2.2.3 Synchrotron radiation high-energy diffraction
Diffraction patterns of the specimen while it was hearted from room temperature to
1492K is displayed in Figure 5.10(a) as a continuous 2D plot, while the diffraction
patterns at selected temperatures are shown in Figure 5.10(b). At room temperature,
the specimen contains α-Zr phase and β-Zr(Nb) phase, with raising temperature, all
the reflections in Figure 5.10(a) slightly moved towards lower Q values, which is due
to the thermal expansion of atomic lattice spacing. From 875K to 1073K, we
observed the aggressive change of β-110 reflection, which is related to the phase
transformation from β-Zr(Nb) to β-Zr.
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Figure 5.10 2D plot of diffraction peaks as a function of temperature (a), the gray
colour line shows the change of temperature during heating process and selected
diffraction patterns at temperature of room temperature, 300K, 400K, 500K, 773K,
875K, 1073K, 1173K and 1299K (b).
Diffraction patterns at each temperature have been fitted by Voigt function, the
lattice parameter of β−(110) was calculated accordingly. Then, Vegard’s law is used
to obtain the Nb concentration during the phase transformation. This result is
superimposed to a Zr-Nb phase diagram as it shown in Figure 5.11. The mass
fraction of Nb at room temperature is 27.5%, with temperature increasing; this value
varies within 26% to 28% till 600K. Above 600K, Nb concentration starts to
gradually increase, and reach the point of 30% at 893K. After this point, Nb
concentration is gradually decreased to 7% at 1299K. This trend above eutectic
reaction temperature is parallel to the phase boundary line of β-Zr phase. Different
from the results displayed in Figure 5.6, which includes a suddenly increases of Nb
concentration to 31.52 mass % at 823 K and followed by decreases to 19 mass % at
893 K, no such significant change has been observed in Figure 5.11. This
phenomenon indicates that decomposition of retained β-Zr(Nb) phase is time and
temperature related. Staying at temperatures between 750K to 893K will give the Nb
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atoms more chance to separate out from β-Zr(Nb) phase and form bcc structural Nb
crystal. However, this feature is not shown at temperature beyond 893K. Following
the phase boundary line between β-Zr phase and (α-Zr + β-Zr(Nb)) region, it shows
how Nb concentration changes with temperature under equilibrium condition.
Although experimental results in Figure 5.11 did not have coincident outcome along
this line, but the developing trend are maintain the same, which means the changing
of Nb concentration during β-Zr(Nb) to β-Zr phase transformation process are the
same as during equilibrium phase transformation.

Figure 5.11 Nb concentration of β-Zr(Nb) phase during heating with the rate of
120 K/min.
5.2.3

Discussion

Two phases are present in the as-received specimen, namely the thermodynamically
stable α-Zr phase and the retained β-Zr(Nb) from the cooling process through the
eutectoid to ambient temperature. We have not detected any significant amount of
other reported metastable phases, [2, 33-34] such as the ω -phase, probably due to the
low volume fraction and relatively high heating rates and elevated temperature range
studied here. On heating process below the eutectoid temperature, the retained β Zr(Nb) decomposes into α -Zr and β -Nb, while the transformation rate is governed
by diffusion, with the rate increasing as temperature increases.
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Following rapid heating to 773 K at 20 K/min and subsequent slow continuous
heating at 2 K/min allows the system to drift towards its thermodynamic equilibrium,
where the retained β -Zr(Nb) decomposes into its equilibrium eutectoid components.
The retained β -Zr(Nb) phase is contained in the α -Zr matrix, which by itself
dissolves less than 1 % Nb over the whole temperature range. Therefore, in order to
concentrate Nb atoms in β -Zr(Nb), its volume has to decrease, the excess volume
being transformed into low Nb-containing α -Zr. This is consistent with the decrease
of intensity of β -Zr(Nb) seen in Figure 5.7. Note that the amount of β -Zr(Nb) is two
orders of magnitude lower than that of α -Zr and therefore, the relative increase of the
latter is very small and not seen within the experimental error of the intensity
measurement. Upon further heating, the system drifts back towards the eutectoid
point which is reached at 893 K. Above the eutectoid temperature diffusion is
evidently fast enough so that equilibrium is maintained between the α - and β -phases
and hence, the compositional change follows precisely the β -solvus line as indicated
by the phase diagram. When the solid solution is approached, the homogenization
process is slowed down due to the decreasing concentration differences between the
two phases. Eventually the alloy is fully homogenized just above the accepted
equilibrium transus temperature. When this homogenized system is cooled down the
β -solvus line is closely followed to just below the eutectoid temperature. Then again,

the concentrations in the β -Zr(Nb) phase continue to drift towards the β -Nb
composition until the diffusion rate decreases such that a non-equilibrium phase
with 22 mass % Nb is retained.
The significance of this study is to disclose the transient behavior relevant to the
phase transformations in a Zr-2.5%Nb alloy. Conventional studies of the
composition in a phase diagram are usually obtained from ex situ X-ray diffraction or
dilatometric tests and the decomposition behavior observed in this paper is unlikely
to be recorded with such clarity. According to the Zr-Nb phase diagram in Figure 5.1
and Figure 5.6, there are two phases αZr and βNb below the eutectoid temperature of
883 K and the proportion of these two phases will follow the lever rule. However, if
there is retained β−Zr(Nb) phase present below the eutectoid temperature, the lever
rule cannot be applied and it is not possible to predict the behavior of this unstable βZr(Nb) phase, especially on reheating. It is widely recognized that the retained
β−Zr(Nb) phase is over-saturated in Zr in the β−Nb phase. The general perception
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upon subsequent reheating is that these supersaturated Zr atoms will diffuse and
transit to the α−Zr phase immediately. However, the current study indicates a
different result. The concentration of Nb in the αZr lattice unit experiences slow drift
above 773 K and reaches its maximum value at 823 K. What follows then is a rapid
diffusion rate driving the composition back towards the nominal eutectoid
transformation composition of Zr-19Nb at 883 K. For further study, it would be
interesting to produce Zr-2.5Nb alloys with different amounts of retained β-Zr(Nb)
phase so as to explore the concentration and kinetics of Nb in β-Zr(Nb) phase during
the heating process and relate this to the resulting mechanical properties.
Although it has been proven that heating speed has effects on equilibrium phase
transformation, apparently this effect is various at different phase region. Below the
eutectoid temperature of 893K, lower heating rate or longer dwelling time will give
the remained β-Zr(Nb) phase more time to decompose into Zr - 20 mass. % Nb β
phase and Zr -85 mass. %Nb β phase, the fast heating rates will not give enough time
to the segregation of Nb atoms from retained β-Zr(Nb) phase. Comparatively, for the
temperature region above 893K, change of Nb concentration with temperature did
not show difference between fast heating and slow heating process, although for fast
heating composition of β-Zr(Nb) phase did not get the chance to reach the eutectoid
point composition of Zr -20 mass. %Nb.
The current work shows potential to optimize the mechanical properties of the Zr-Nb
binary alloy system through a careful post processing thermal treatment. The data
also gives an interesting insight into the expected compositional changes in different
zones of a weld where different temperatures are reached during the processing and
may be significant to the high temperature behavior of this reactor structural alloy.
From the experimental technique’s point of view, it is necessary to emphasize that
different from neutron diffractometer, reflected intensity from X-rays decreases with
increasing Q value or lower lattice plane distance. Because of this reason, also the
volume fraction of remained β-Zr(Nb) phase is comparatively small, only one or two
reflections from β-Zr(Nb) phase are visible in X-ray diffraction patterns. In this case,
neutron diffractometer shows advantages in providing global information regardless
Q values. In addition, large beam size from neutron diffractometer will help avoiding
non-uniform microstructure.
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5.2.4

Conclusions

The current study provides a method to analyze the migration of alloying elements
and their kinetics during the eutectoid phase transformation processes in-situ and in
real time. Evolutions of lattice parameters elucidate the changes of atomic
concentrations during the phase transformation, which are dramatic during the
eutectoid reaction in the Zr-2.5Nb system. Through analysis of the diffracted
intensity and peak positions of different phases, a complementary image of the phase
transformation process was produced for Zr-2.5Nb, ranging from room temperature
through the eutectoid temperature and to temperatures above the β-transus
temperature. It is expected that this approach will benefit in investigations on other
multi-phase materials.
5. 3 In-situ Observation of Dynamic Recrystallization in the Bulk of
Zirconium Alloy
Dynamic recrystallization broadly occurs in thermo-mechanical processes, examples
of which include metal forming [38], the formation of the Earth’s crust [39-40], and
the flow of glaciers [41]. This process impacts a correspondingly broad range of
areas including the mechanical properties of industrial products [42], the size
limitation of nano-crystalline materials [43], the occurrence of earthquakes [44], and
the simulation of polar ice sheets in climatic change [45]. Dynamic recrystallization
results from a competition between thermally driven nucleation and growth
processes, as well as grain breakage and refinement during plastic deformation.
Although this phenomenon is well understood in a general sense, predictions for a
specific system are enormously difficult due to dependence on a number of variables
including chemical composition, temperature, strain, strain rate, and thermomechanical history. Here, we show unprecedented in-situ observations of dynamic
recrystallization in individual bulk crystallites of a macroscopic Zircaloy-4 specimen
under thermo-mechanical load. The microstructural kinetics, grain statistics, and
crystallographic correlations inherent to this process are revealed. Utilizing
synchrotron high-energy X-ray diffraction [46] allows direct observation of dynamic
recrystallization and related effects in real time and at high temperature.
Conventionally, such effects were either studied retrospectively after quenching,
upon which additional phase transitions may occur, or indirectly through changes in
physical properties, relying on empirical experience or on the surface only using
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electron microscopy. Even more potential of this work may be raised by future
material scientists, engineers, and industry on tailoring their metal products by
thermo-mechanical simulation directly in a synchrotron beam.

Figure 5.12 Debye–Scherrer rings of different stages of the heating cycle with time t
and temperature T: (a) in the α-Zr phase, (b) α+β	
  – Zr two-phase field, and (c) in the
β-Zr phase. The cross denotes the centre of the rings and defines the scale of 1 Å-1
In classical powder X-ray diffraction, individual crystallites of the sample are ideally
randomly oriented and their number is high, in order to find statistically enough
crystallites to diffract radiation into any direction of observation, under the condition
that Bragg’s law is fulfilled. This ideal condition leads to Debye–Scherrer cones,
which are projected, into concentric rings when scattered onto a two-dimensional
detector oriented perpendicular to the primary beam. The condition of isotropy is no
longer fulfilled if the illuminated volume of the sample is small compared to its grain
size, leading to individual illuminated spots on the Debye–Scherrer rings as seen in
Figure 5.12. These reflections stem from a small number of crystallites, which ought
to be oriented on the Ewald sphere, in order to reflect to the observed positions. The
number of distribution of reflections, their orientation, and their correlations give
insight into grain size, texture, and orientation relationships of the crystallites. This
has been elaborated earlier [47] and will be employed in the present study.
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Figure 5.13 Color-coded powder diffraction lines evolving in time upon heating.
High-energy X-rays (as used here at 90 keV) have small diffraction angles and
therefore scatter in the forward direction, allowing collection of full Debye–Scherrer
rings in transmission geometry [46]. With only small photo attenuation, they probe
the whole thickness of the sample revealing information from grains fully embedded
in the bulk. The nuclear reactor structural material Zircaloy-4 grade R60804 of
nominal composition (in mass %) Zr, 1.5% Sn, 0.2% Fe, 0.1% Cr, 0.1% O is used for
the present study. It crystallizes in a hexagonal closed packed (hcp) α-Zr structure
below 1083K and a body centered cubic (bcc) β-Zr structure above 1253 K [48]. The
5-mm-thick specimens were put into a servo-hydraulic load frame with the load axis
perpendicular to the incoming X-ray beam of 0.2×0.2 mm2 size. The sample was heat
treated in air with zero loads in order to allow recovery of distinguishable grain sizes
by increasing the temperature up to 1277K and subsequent cooling. Diffraction
patterns were then recorded upon application of a constant load of 225N
corresponding to an initial stress of 7.5 MPa, while the temperature was increased
from 688 to 1283K in 60 s. The diffraction patterns were taken continuously with a
0.2 s frame rate for 60 s. Images showing various stages of the process are displayed
in Figure 5.12. Azimuthal integration of the Debye–Scherrer rings leads to
conventional powder diffraction patterns, which are depicted in Figure 5.13 evolving
in time. Only peaks from the low temperature α-phase appear in Figure 5.12(a) and
at time t = 0 s of Figure 5.13. The morphology of the rings suggests that the grains
are fairly large, as compared to the illuminated volume, with an estimate of a few
100 µm [47]. Furthermore, the spots show a mosaic spread of 2° indicating a subgrain structure with small-angle grain boundaries. They are attributed to a
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Widmanstatten-like microstructure, as it occurs in Zr [49] and homologous Ti [50],
which is created during the phase transformation upon cooling in the previous heat
treatment. At t = 7 s the high-temperature β-phase appears (Figure 5.12(b)) in
coexistence with the a-phase which vanishes completely after t = 24 s (Figure
5.12(c)). The reflections on the appearing β-110 ring lie well aligned with those of α002, proving the transformation fulfills the Burgers orientation relation to a high
degree [51-52]. In order to represent the time evolution of the reflections, a selected
ring is cut at the bottom position in Figure 5.12, radically integrated over the entire
peak and straightened clockwise 0–360º into a horizontal line of Figure 5.14, the
second dimension being time. The abovementioned orientation correlation is
recognized by comparing the angular positions of the timelines of reflections from
the two phases.
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Figure 5.14 Time evolution of the color-coded intensity distribution on selected
Debye-Scherrer rings as a function of azimuthal angle. The line and line-symbol
diagrams to the right denote the temperature and load parameters, respectively. Time
events t1-t5 is referred to in the text.
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Depending on how they are counted (intensity and splitting), there are about 20
reflections on the α-Zr 002 Debye–Scherrer ring, which transform into β-Zr 110,
with a very similar pattern as expected from their Burgers relation. The β-Zr 200 and
β-Zr 211 rings, respectively, show about half and double the numbers of spots as
compared to β-Zr 110, which is understood by the ratio of the multiplicity of the
three reflections being 6, 24, and 12, respectively. Since the grains are randomly
oriented, this distribution is fulfilled statistically, but for non-overlapping reflections
one can say their number is proportional to the number of reflecting grains in the
illuminated volume, or inversely proportional to the grain size. Moreover, the
number of observed spots is proportional to the solid angle each reflection occupies,
expressed by its mosaic spread. A reflection with a larger mosaic spread is more
likely to intersect the Ewald sphere than that of a perfect crystal.
These figures show that there is grain coarsening in the β-phase at roughly t = 24 s,
after the α-phase has fully disappeared. Thermal activation is high and there is no
second phase left to restrain grain growth, while the yield strength of the material in
this temperature range is still high enough to prevent rapid plastic deformation. With
increasing temperature starting after t = 27 s, timelines of reflections from the
individual crystallites become spotty. Here the grains are split into sub-grains. In a
cold deformation process, continuous broadening of the grains’ mosaic spread, which
evolves into the final texture state, would be expected. In contrast, we observe the
appearance and disappearance of reflection spots, which can be attributed to a
dynamic recovery process. Highly distorted sub-grains recover to form a smaller
number of more perfect sub-grains, which then break up again upon further
deformation, repeating the process, and leading to a globally steady state. Eventually,
small-angle boundaries between distinct sub-grains accumulate and split into
individual timelines and a larger overall mosaic distribution, as seen at the 20° , 40° ,
and 80° grains in β-Zr 110 and β-Zr 220 in Figure 5.14. In addition, grain rotation of
a few degrees is observed, expressed by a curved or inclined timeline such as seen at
80° and 155° azimuthal angles of β-Zr 220 and many others. It should be noted that
upon recovery, highly perfect, virtually dislocation free sub-grains are created for a
short time showing low mosaic spread and, thus, are found less probable to fulfill the
Ewald condition, which describes the observed decrease in intensity in the timeline
of the grain.
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The regime of dynamic recrystallization is entered upon further increase in
temperature, strain, and strain rate (as necking occurs) and it is characterized by the
sudden appearance and fluctuation of new orientations [53] starting slowly after
t = 35 s and escalating until rupture of the specimen at t = 49 s, after which the load
drops to zero and static recovery and grain growth takes place, indicated by straight,
coarsening timelines. Some of the new grains are temporal islands in orientation
space, particularly well seen in the β-Zr 110 and β-Zr 211 maps of Figure 5.14,
extending azimuthally up to 10° and with a well-expressed sub-grain orientation
structure. Others evolve in string-of-pearl-like timelines appearing as caustics, one of
which

is

well

expressed

at

70º

in

β-Zr

200.

Here,

the

dynamic

recovery/recrystallization process leads to a little stepwise but large grain rotation of
an almost perfect crystallite extending over 40° and accelerating with increasing
temperature. Similarly, the previously stated time-orientation islands rotate through
dynamic recovery of their sub-grain groups, but then making larger 10º jumps on
similar caustics driven to recrystallization by a larger angular offset.
One of the fingerprints of dynamic recrystallization at low strain rates is the
oscillatory behavior of the stress–strain curve when recrystallization is completed
faster than the deformation. It is expressed in the stepwise evolution of the caustics
and the spottiness of the timelines, revealing that almost perfect crystal volumes are
created for a short time which then need to overcome their activation energy in order
to break up due to plastic deformation. Interestingly, these fluctuations occur on both
the sub- and inter-grain scales, suggesting that dynamic recovery and dynamic
recrystallization have much in common, although they are distinct in nature.
In conclusion, we have followed the typical thermo-mechanical response of a metal
in-situ and rapidly in real time on the example of a zirconium alloy. Statistics and
orientation correlations of embedded/ bulk material grains were deduced from twodimensional X-ray diffraction patterns. Upon heating, little grain growth occurs in
the low-temperature α-Zr phase, which then transforms gradually into β-Zr. Plastic
deformation accelerates at higher temperatures and regimes of dynamic recovery and
dynamic recrystallization could clearly be distinguished.
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6

IN-SITU STUDY OF DYNAMIC RECRYSTALLISATION AND
RECOVERY AT HOT DEFORMATION OF A MULTI-PHASE
TITANIUM ALUMIUM ALLOY

Hot-compression tests were conducted in a high-energy synchrotron X-ray beam to
study in-situ and in real time microstructural changes in the bulk of a novel, βsolidifying titanium aluminide alloy. The occupancy and spottiness of the diffraction
rings has been evaluated in order to access grain growth/ refinement, orientation
relationships, subgrain formation, dynamic recovery and dynamic recrystallization as
well as phase transformations. For the first time, this method has been applied to an
alloy consisting of two co-existing phases at high temperature and it was found that
the bcc β-phase recrystallizes dynamically much faster than the hcp α-phase, which
deforms predominantly through crystallographic slip underpinned by a dynamic
recovery process and a small component of dynamic recrystallization. The two
phases deform to a very large extent independently from each other. The rapid
recrystallization dynamics of the β-phase combined with the easy and isotropic slip
characteristics of the bcc structure explain the excellent deformation behavior of the
material, while the presence of two phases effectively suppresses grain growth.
6. 1 Introduction
A sound understanding of plastic deformation and recrystallization in metals and
intermetallics is a necessary prerequisite for the design and processing of novel
materials with enhanced properties. For example, it is desirable to develop
intrinsically lighter and stronger materials for the transportation and aerospace
industry thereby reducing propulsion and energy costs. Intermetallic titanium
aluminium alloys are in the focus of research as they show enhanced mechanical
strength at elevated temperatures and as such are good candidates to replace the
heavy nickel based superalloys in specific components of aero- and automotive
engines [1, 2, 3]. Although titanium aluminium exhibits attractive mechanical
properties, the compounds not widely used due to difficult and expensive
manufacturing routes [3, 4, 5]. This is in large part a consequence of the complex
phase diagram of these alloys, possessing different regions of atomic order / disorder
leading to different properties of the constitutant phases. On the other hand, it is the
form of the phase diagram that determines the strength of this type of material. At the
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intended application temperatures of 870 K – 1020 K, simple TiAl based alloys
exhibit a dual phase field of ordered hcp α2-Ti3Al (D019) and near-fcc γ-TiAl (L10)
structures. The α2-phase disorders at the eutectoid temperature around ~1453 K into
hcp α, whereas the γ-phase disappears at the α-transus temperature of typical
T ~ 1573 K. Accurate temperature values depend on the exact composition. It has
α

been found that successful plastic deformation can be performed only in a narrow
temperature range in the α+γ phase field [4]. In this narrow “deformation window”,
phase fractions vary strongly with temperature [6], and it is difficult to control the
hot-working process [4, 5]. Deformation can also be performed above the α-transus,
but this leads to crystalline anisotropy of the hexagonal system and the associated
texture formation. In addition rapid grain growth occurs at these temperatures,
thereby excluding this temperature range for production purposes. To circumvent
these drawbacks, an approach is taken whereby the bcc β-Ti phase is stabilized at
high temperatures, which is known to both deform easily and shows less anisotropy
than the hcp α-Ti phase [7]. A single β-phase field region at high temperature is not
desired because of grain coarsening [8]. In order to overcome these problems, the socalled TNM alloy of nominal composition Ti-43.5Al-4Nb-1Mo-0.1B (composition
in atomic percent) was developed [9]. The alloy solidifies through the β-phase and
exhibits a wide α+β-phase field in which hot working can be conducted on an
industrial scale. For example, excellent forgeability in the α+β-phase field has been
reported [10]. The phase diagram for TNM alloy was established [11] and refined
recently by in-situ neutron diffraction [12]. In-situ high-temperature laser scanning
confocal microscopy proved the slow kinetics of grain growth in the high
temperature α+β phase field region [12], where the material is soft and ductile. A
more comprehensive account of TNM alloys is given by Clemens and co-workers [9,
13, 10].
The aim of the present study is to obtain in-situ and in real time information from the
bulk of the Ti-43.5Al-4Nb-1Mo-0.1B alloy during hot compression. The starting
polycrystalline microstructure consists of lamellar γ / α2 colonies with globular γgrains and ordered β -grains containing γ-precipitates with a grain size of about
0

100 µm. The recently developed high-energy synchrotron X-ray diffraction method
[14] combined with the evaluation of the morphology of the diffraction Debye-
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Scherrer rings [15, 16] is applied for the first time to a multi-phase alloy undergoing
hot plastic deformation. This allows the evaluation of grain size statistics [17] such
as growth and refinement, subgrain formation [18], lattice strain [19], grain
orientations, orientation relationships between grains and phases [20], grain rotations
[21], texture evolution [16], mechanisms of phase transformations [22], dynamic
recovery, and dynamic recrystallization [15].
6. 2 Experimental procedures
The experiment was performed at the beamline ID15b of the European Synchrotron
Radiation Facility (ESRF) [14, 23] using high-energy X-rays of 86.94 keV
corresponding to an incident wave number k = 44.03 Å-1 and wavelength
λ = 0.1427 Å. The Ø ~100 µm beam transmits the Ø 4 mm sample and is diffracted
from its crystallites into Debye-Scherrer rings on a detector in 1233.8 mm distance
from the sample center. The relatively small number of crystallites in the illuminated
volume leads to spottiness on the Debye-Scherrer rings, which should be avoided in
conventional powder diffraction but plays an essential role in the present
investigation. The fast Pixium 4700 flat-panel detector [24] was employed for realtime data acquisition at ~2 Hz. The wire-cut, 4 mm diameter, 8 mm high cylindrical
sample was deformed in an Instron electro-thermomechanical tester (ETMT) for
simulating thermo-mechanical processing. In the present configuration loads up to
3000 N can be applied while the specimen is heated resistively with a maximum
power angle of 8 V and 450 A. Dedicated high-temperature compression anvils were
produced from a special molybdenum alloy (TZM). In addition graphite and
tantalum foils were inserted between the anvil faces and the sample. This
arrangement assured good electric contact, provided lubrication between the sample
and anvil (graphite) and prevented diffusion of carbon into the specimen (tantalum).
The load axis was horizontally perpendicular to the incident beam and translation
scans have been taken to align accurately the center of the sample with the center of
the beam. A regulation loop was implemented to keep the centers in coincidence
during compression before any diffraction image was taken. The mean detector
distance was calibrated by recording two diffraction patterns in different distances
and using triangulation while the X-ray energy was calibrated with a CeO2 standard.
The process parameters were a heat ramp of 9.5 K/s up to the maximum temperature
of 1573 K after 145 s. This temperature was chosen to ensure the compare ability of
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the results to the findings published in [10]. After 35 s hold, a constant compression
rate of 0.021 mm/s was applied (strain rate of ~2.6·10-3 s-1). After compressing for
45 s (~1 mm, 12.5 % strain), the deformation was interrupted for 22 s in order to
study relaxation. Compression was then continued and after a further 153 s
(~4.15 mm, 52 % strain) when the applied load was 410 N, the temperature
regulation system became unstable (maximum power reached due to the increasing
cross section of the sample) and the temperature began to drop resulting in the
applied load increasing rapidly to 1103 N some 40 s later. At this time the machine
safety tripped and the jaws rapidly returned to their starting positions losing the
sample from the beam. The temperature was measured by an R-type thermocouple
spot-welded on the central circumference of the cylinder outside the beam cross
section.
6. 3 Results

Figure 6.1 Representative parts of the acquired diffraction rings compiled in 3
sectors: (a) below the alpha transus temperature Tα, showing α-, β- and γ-phases in
166

co-existence; (b) above Tα , where γ disappeared before plastic deformation and (c)
above Tα during plastic deformation. Reflections in the indicated box in (a) reveals
orientation correlation of all three phases. The common ring centre is marked with a
crossed scale bar of 1 Å-1 and the longitudinal load direction L is indicated.
Reflections are indexed in Figure 6.2.

Figure 6.2 Color coded powder diffraction patters obtained by azimuthal integration
of the time frames in Figure 6.1 versus scattering vector q = 4π/λ·sin (2θ/2) on the
abscissa evolving in time on the ordinate to the left. Because of the tetragonality of γTiAl (L10 structure) some reflections appear as double lines. For simplification,
however, indices are given for a fcc lattice. The deformation parameters
(compressive mode) are given to the right.
Figure 6.1 shows experimentally obtained diffraction patterns as an assembly of
three sectors (a) at T = 1504 K, below the α-transus temperature (T = 1555 K), (b)
α

above T , before and (c) during deformation (T = 1573 K for both b & c). The
α

reflections are indexed in Figure 6.2, which represents, in color scale, the
azimuthally integrated diffraction rings against the scattering vector (radial direction
of the rings) and time. The experimental parameters are depicted on the same time
axis to the right of the graph. The pattern at 1504 K in Figure 6.1(a) shows many
more rings stemming from the γ-TiAl phase which has disappeared at T and only
α

reflections from the α- and β-phase remain in the 1573 K sectors (b) and (c). There
are also correlations between the α-, β- and γ-reflections expressed by intensity
agglomerations at equal or nearby azimuthal angles, confirming the Blackburn
orientation correlation between α- and γ-phase in Figure 6.1(a) [25, 20] as well as the
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Burgers orientation correlation between α- and β-phase in Figure 6.1(a) and (b) [26,
15]. Additionally, the box in Figure 6.1(a) shows the orientation correlations between
all three phases where the γ-002 / 200 spot aligns in a triangle with α-101, β-110 and
α-002 [22]. The time evolution of the azimuthally integrated patterns in Figure 6.2
shows the effect of thermal expansion, moving the reflections to smaller scattering
vectors upon heating. There are some weak superstructure reflections disappearing
halfway through the heating ramp, which correspond to the ordered α2 and β0 phases
[12]. The disappearance of the γ-TiAl phase determines the α-transus temperature
which was determined as Tα = 1555 K in agreement with earlier reported values [1213]. This good agreement provides convincing experimental evidence of the
accuracy of the present experiment.
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Figure 6.3 AT-plots of the first three α- and two β-reflections. The α-002 and γ-111
reflections overlap and cannot be separated until the γ-phase disappears at the αtransus temperature. The initially static grain statistics evolves turbulently upon the
application of strain and pauses when strain is held for a while, as indicated by the
deformation parameters to the right of each plot. Longitudinal and transverse load
directions, L and T, respectively, are given at the top of the azimuthal-angle axis.
A novel kind of data representation is shown in Figure 6.3, where the intensity
distribution along a certain diffraction ring is plotted in grayscale as a function of
azimuthal angle and time. In other words, the full circle of a Debye-Scherrer ring
from Figure 6.1 is cut at the six-o'clock position and straightened into one horizontal
line from 0 to 360° of Figure 6.3 at any given time. A 20° cyclic extension is plotted
at either side of the range in order to evaluate features in this orientation range.
Directions longitudinal (L) and transverse (T) to the load axis are indicated at the top
of the figure. The vertical time axis is the same as in Figure 6.2 and the experimental
parameters are reproduced for reference. The azimuthal-angle-time plots (AT-plots)
allow the time evolution of reflections in orientation space to be tracked. In principle,
each line is a one-dimensional manifold section from a conventional pole figure [16].
When not overlapping, the number of spots on a selected ring at any one time
represents the number of crystallites matching the Ewald sphere for the Laue
condition. Therefore, in the case of a fixed volume of material, the number of
diffraction spots is inversely proportional to the crystallite size. Further, a sharp
reflection stemming from a perfect crystallite has a lower probability of hitting the
Ewald sphere than a broad reflection with large mosaic spread evolving from lattice
distortions such as dislocations and subgrain cells. In other words, the number of
spots increases with smaller grain size and larger mosaic spread. In addition to these
microstructural parameters, symmetry plays a role for the number of observable
spots and hence it is also proportional to the multiplicity of the reflections. The
evolution of an individual reflection spot in the AT-plot is called a timeline.
Considering first the heating part of the experimental cycle, apart from minor
intensity changes, AT-plots of the α-phase in Figure 6.3 stay very stable until the αtransus is reached. This implies that there is no major evolution in grain size nor
mosaic spread and the overall microstructure remains intact. While the γ-111
timelines disappear at Tα, the α-reflections augment intensity due to the increase of
the total phase fraction of α-Ti and there is no further evolution of the morphology.
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The number of timelines observed in the individual reflections corresponds well to
the ratio of their multiplicities, which are 6, 2, 12 for α-100, α-002 and α-101, and
12, 6 for β-110 and β-200, respectively.
The β-phase behaves differently upon approaching T and holding at a temperature
α

just above Tα. The timelines sharpen and become spotty and interrupted and their
overall distribution diminishes. This can be interpreted as a grain recovery process
and sharpening of mosaic spread. The driving force for this process is probably due
to transformation induced stresses. As the temperature was raised quickly with
respect to the transformation kinetics of the system, on-going re-arrangements of the
α- and β-phases take place, particularly influencing the minority β-phase [9, 10].
Considering the deformation part of the experimental cycle on the β-phase, upon the
onset of plastic deformation at t = 180 s timelines of the β-phase spread out rapidly
into a larger angular range, which can be recognized, for example, on the intense
timelines around azimuth ψ = 280° and ψ = 290° on the AT-plots of β-110. Other
outbursts seem to occur at angular positions where previously no or little intensity
was observed, such as at ψ = 340° on β-200 etc. During cold-deformation of a metal,
these broadenings stem from the breakdown of grains into subgrains with a
continuous mosaic spread ending up in grain refinement and deformation texture of
the material [16]. The appearance of the outbursts from apparently nothing are the
evolution of mosaic spread from grain orientations nearby, but not matching the
Ewald sphere, which move into the reflection condition as their angular distribution
broadens [16]. Upon hot-deformation however, dynamic recovery concurs with the
grain breakdown forming a spotty mosaic distribution: Agglomeration of distorted
subgrains recovers to more perfect subgrains, which are then separated by a subgrain
boundary representing a small-angle boundary [15]. Soon after subgrain formation
the intensity is spread all over the rings and hence, grains and subgrains cannot be
distinguished any longer. Dynamic recrystallization, a process in which new grains,
separated by large-angle boundaries, are formed from a highly distorted
microstructure, is experimentally observed by the popping-up and disappearance of
reflections [15]. Some of the short timelines show fluctuations of dynamic recovery
aligned in strings which are inclined in the AT-plot due to a grain rotation process
[16]. Sometimes, clouds of slightly preferred orientation occur on a 10° scale in
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azimuthal angle, which indicates that there is an underpinning orientational
preference upon dynamic recrystallization [15]. The global texture of the β-phase,
however, is very weak.
Turning now to the α-phase during deformation, recovery and recrystallization
dynamics are considerably slower than in the β-phase. Upon the onset of plastic
deformation, the creation of mosaic spread behaves much smoother, almost as
observed in cold deformed copper [16]. Although it occurs, dynamic recovery is
strongly reduced and large grain rotations – expressed by tilted timelines – occur
throughout a slip deformation process. There is a high degree of preferred orientation
at the end of the experiment: The prismatic α-100 orientation distribution peaks in
the T directions and has a minimum along L while the basal α-002 orientation has
minima at T and L peaking at L±35°, indicating a tilted basal fiber texture [27].
Grains initially in arbitrary orientations rotate into these preferred orientations. As an
example, the timeline starting at ψ = 60° of α-002 rotates strongly to the left and the
one at ψ = 120° to the right, in a symmetric way away from T. A timeline starting
close to the texture maximum or minimum orientations does not show rotation but
large angular spreading as can be seen at ψ = 25° and ψ = 79° in α-002 or in the T
and L directions in α-100. The α-101 orientation exposes high multiplicity and has
components of both basal and prismatic orientations. Therefore, the inclination of the
timeline depends on which of the equivalent slide systems are activated and thus can
rotate this particular reflection plane – which is an inclined projection of the simple
rotation vector – into the left or right direction. This leads to over-crossing timelines
as seen, for example, around ψ = 200°. Similar timeline crossings are seen
occasionally in α-100 and α-110, but less in α-002, indicating that α-002 has a
rotation axis along the beam axis and the basal slip system is well activated. The
tilted basal fiber texture is another indication for slip deformation, as deformation
dominated by twinning would drive the texture maximum into the L direction. Other
than in the cold deformation process [16], dynamic recovery takes place when the
mosaic spread becomes too large or when grain rotation takes place at a particularly
high rate. The widely spread subgrains then become new, perfect grains by
themselves which subsequently deform and rotate independently in the
polycrystalline matrix. Highly uncorrelated dynamic recrystallization plays a minor
role in the deformation of the α-phase. Indeed, dynamic recovery in commercial pure
172

titanium has been suggested as a dominant deformation process under certain
conditions [28].
The different behavior of the α- and β-phases is demonstrated as well in the holding
cycle starting at time 225 s, where the displacement was stopped for 22 s. The
timelines of the α-phase remain mostly static while the β-phase still shows many
fluctuations. The observed behavior is attributed to a relaxation effect as seen in the
load-curve in Figure 6.3, occurring mostly in the β-phase.
6. 4 Conclusions
In conclusion, we have followed in-situ and in real time the plastic deformation in
the bulk of an advanced intermetallic Ti-43.5Al-4Nb-1Mo-0.1B alloy at 1573 K. The
recently developed combination of rapid two-dimensional high energy X-ray
diffraction with advanced analysis of the spottiness of the diffraction rings has been
presented and applied for the first time to the investigation of a multi-phase alloy.
Orientation relationships between the phases were identified upon static heating
indicating at least 3 different components, namely the Blackburn orientation
correlation between the α- and the γ-phase typical for γ-based titanium aluminium
[25], the Burgers orientation correlation majorly occurring in hcp ↔ bcc
transformations [26] and a recently reported orientation correlation between the α002, α-101 and γ-002 / 200 reflections [22]. The hcp α-phase deforms preferentially
by slip rather than by twinning, superimposed by a relatively slow dynamic recovery
and a less important dynamic recrystallization process. This leads to a tilted basal
fiber deformation texture. In contrast, the bcc β-phase is driven by rapid fluctuations
in orientation space, which start below the α-transus temperature during heating and
continue during holding at the deformation temperature before the compression test
is started. The high activity of the β-phase gives raise to rapid dynamic recovery and
dynamic recrystallization, which basically overwrites almost any deformation texture
of this phase. It is interesting to note, that there is no major coupling between the
orientations and the deformation processes of the α- and the β-phase and it appears
that each grain behaves individually, self-consistently in a polycrystalline matrix.
The co-existence of α- and β-phases hinders rapid grain growth as opposed to that
observed in alloys with a single-phase field. The high rate of dynamic recovery and
recrystallization occurring within β-grains render TNM alloys favorable for thermo173

mechanical processing.
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7

DISCUSSION AND CONCLUSIONS

7.1 The major achievements of this thesis
The general purpose of this study is to investigate metallic materials microstructural
evolution during thermo-mechanical processing by advanced in-situ and real time
diffraction measurements. In order to study the characteristics of the given materials,
through a systematic stepwise process, the author followed a sequence (1) from
single crystal to polycrystalline material; (2) from single phase to multiphase; (3)
from ambient temperature to elevated temperature; and (4) from unidirectional
plastic deformation to torsion. The diffraction information was interpreted from the
aspects of microstructural changes and furthermore, the underpinning deformation
mechanisms. During this process, metallic materials with different crystallographic
structures, for instance single grain and polycrystalline copper, twinning-induced
plasticity Fe-Mn-C alloy, zirconium alloy and Ti-Al alloy were investigated by
sequence in the current study. The second contribution was to establish the
connection between diffraction experimental results with self-consistent models,
which demonstrate the materials macroscale character, by integrating individual
grains behavior during thermo-mechanical processing. Additionally, the technique of
obtaining texture from single 2-dimensional diffraction images, further enables the
application of self-consistent modeling to in-situ characterization by diffraction.
From experimental findings in this study, all the investigations undertaken on
materials with different crystallographic structure were found to display new
phenomena, some of which contained discrepancies with existing metallurgical
knowledge. For example, the investigation of deformation mechanisms for single
crystal copper and polycrystalline copper at room temperature provide the classic
features of mosaic spread, grain rotation, grain refinement and formation of texture.
These features apply to other fcc structural single phase metallic materials, that
undergo slip gliding as their main deformation mechanism at room temperature. This
can further be used as references for materials that have deformed by other
mechanisms, for example Fe-Mn-C steels, which involve slip, twinning and possible
phase transformation. For the first time, the evolution of embedded bulk grains of
copper during uniaxial compression was recorded continuously by high-energy x-ray
beam in-situ. It was found that the original coarse grains break up into sub-grains and
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depending on their initial alignment, rotate into their preferred orientation, merging
finally into a continuous texture. In contrast to previous investigations, the study
shows not only the starting and final conditions, but also the full evolution of the
microstructure. These basic features on the Debye-Scherrer rings are important in
understanding and modeling the deformation of fcc structural material.
Another significant experimental finding was the distribution of Nb atoms between
retained β-Zr(Nb) phase and Nb rich β-Nb phase during heating ramps of Zr-2.5Nb
alloy. By in-situ neutron diffraction, the relation between heating rates and Nb
concentration in β phase was investigated by the change of lattice parameter.
Vegard's law combined with thermal expansion was applied to calculate the
composition of the β-phase, which was compared to equilibrium conditions as shown
in the phase diagram, revealing the system's kinetic behavior in approaching
equilibrium. This finding also complements the dynamic change of-β phases with
different compositions below the eutectoid temperature, which is not shown in a ZrNb equilibrium phase diagram.
Finally, dynamic recovery and recrystallization processes of Zircaloy-4 and
intermetallic Ti-Al alloy during plastic deformation at high temperature were
assessed experimentally. To the author’s knowledge, it is the first time that the
dynamic recrystallization processes were recorded by in-situ high-energy X-ray
diffraction. The statistics and orientation correlations of embedded/bulk material
grains were deduced from two-dimensional X-ray diffraction patterns. Upon heating,
little grain growth occurs in the low-temperature α-Zr phase, which then transforms
gradually into β-Zr. Accelerated plastic deformation occurred at higher temperatures
and demonstrates the regimes of dynamic recovery and dynamic recrystallization.
The grain statistics and orientation relationship between α- and β- phase in Ti-Al
alloy were ascertained from Debye-Scherrer rings. The occupancy and spottiness of
the diffraction rings were evaluated in order to assess grain growth/ refinement,
orientation relationships, subgrain formation, dynamic recovery and dynamic
recrystallization, as well as phase transformations. For the first time, this method was
applied to an alloy consisting of two co-existing phases at high temperature. It was
found that the bcc β-phase recovers dynamically much faster than the hcp α-phase,
which deforms predominantly through crystallographic slip, underpinned by a
dynamic recovery process with only a small component of dynamic recrystallization.
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The two phases deformed to a very large extent independently from each other. The
rapid recrystallization dynamics of the β-phase combined with the easy and isotropic
slip characteristics of the bcc structure, explains the excellent deformation behavior
of the material, while the presence of two phases effectively suppresses grain growth.
Apart from the experimental findings, as part of the objectives, a global and
comprehensive exploration has been carried out. This was based on the phenomena
that related the different types of deformation mechanisms of metallic materials, with
various compositions and crystallographic structures. In order to synthesize the direct
results from diffraction experiments with the materials microstructural changes
during plastic deformation, self-consistent models and the E-WIMV algorithm were
combined in predicting the change of microscopic strain and further explaining the
contribution of different deformation mechanisms. This is the first attempt to
integrate these two techniques for investigating deformation mechanisms of TWIP
steel during plastic deformation. Also using the E-WIMV algorithm, texture
characterization was implemented for TWIP steel specimens processed by highpressure torsion, which contains highly inhomogeneous microstructure along the
radial direction and the axial direction of the specimen disk. These technical
advantages of high-energy X-ray diffraction, together with the E-WIMV algorithm
and the self-consistent models offer a new means of microstructural characterization
during thermo-mechanical processing.
In the following paragraphs, a comparison is made of the advantages of neutron,
high-energy X-ray and laboratory X-ray diffraction for the investigation of metallic
materials:
(1) Advantages of neutron diffraction and high-energy X-ray diffraction
• In real time
The data collection speed of synchrotron diffraction is much higher than current insitu laboratory XRD and electron microscopy with load frame attachments. For
example, the large area detector used at a high-energy X-ray diffraction beamline at
ESRF can transfer diffraction data with a rate of 0.2 s/frame. The load frame located
between the specimen and detector can carry out unidirectional tensile, unidirectional
compression and low cycle fatigue experiments. Continuous observation on the same
specimen and position during processing is extremely important for strain and
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dislocation density measurements.

With the help of the E-WIMV method, the

texture change during processing can be followed during thermo-mechanical
processing.
• Accuracy and high resolution
Due to the high-energy beam of synchrotron radiation X-ray diffraction and high
intensity from neutron sources, more crystallographic structural details can be found
compared to laboratory XRD. As the actual volume of specimen in the synchrotron
and neutron beam is much larger compare with laboratory XRD , high-energy X-ray
diffraction and neutron diffraction obtain information from bulk volume of material
rather than surface.. The phase transformation study of Zr-2.5Nb in Chapter 5
specifically displays the importance of neutron diffraction in the characterization of
crystallographic change during the alloy’s phase transformation. Another example is
the phase identification of TWIP steel after high-pressure torsion processing. The
author found difficulties to identify the structure and the quantity of martensite phase
from the data collected by laboratory XRD. On the contrary, high-energy XRD and
neutron diffraction provided clear results of the crystallographic structure and
volume fraction for this deformation induced martensite phase.
• Integrated information
For some microstructural characterization, such as strain measurement, dislocation
density, twin activity and stacking faults density, the diffraction data have to be
obtained from bulk volume material. Whole peak-profile analysis on the diffraction
data from an X-ray diffractometer is necessary for this type of study. In addition, the
change of micro-strain during deformation processes can be used to investigate the
deformation mechanisms, such as different slip and twinning systems in the
specimen. The details can be found in Chapter 4.
(2) Disadvantages of neutron diffraction and high-energy X-ray diffraction
Apart from 3D diffraction, general neutron powder diffraction and high-energy X-ray
diffraction are not capable of distinguishing crystallographic information from
different directions; it is also not able to distinguish orientations difference between
adjacent grains, compare with EBSD analysis;
Last but not the least, limitation in getting access to large scale facilities such as
neutron diffractometers and synchrotron radiation facilities very much affects the
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schedule and efficiency of materials research.
7.2 Concluding remarks and future work
The application of both synchrotron high-energy X-ray and neutron diffraction in
investigating the microstructural changes of metallic materials, while undergoing
thermo-mechanical processing was studied in the current thesis. Specimens with
different crystallographic structure were processed under different load and
temperature conditions monitored by both synchrotron X-ray and neutron diffraction.
EPSC, VPSC and E-WIMV models have been established to interpret the
experimental observations. The following new conclusions can be drawn based on
this research:
I. Unidirectional deformation of single crystal and polycrystalline copper at
room temperature
•

Cold deformation of single crystal pure copper causes changes in the
diffraction pattern from sharp reflection spots smearing into short curves
along the azimuthal angle, which is caused by the formation of subgrain and
related mosaic spread.

•

Polycrystalline copper which deforms mainly by dislocation gliding shows
grain rotation and subgrain formation, expressed by a shift in azimuthal angle
on the Debye-Scherrer rings and mosaic broadening, respectively.

•

The formation of preferred crystallographic orientation observed during
unidirectional compression of copper is confirmed with the full texture
measurement after deformation.

II. Deformation mechanisms of Fe-Mn alloy at room temperature
•

In contrast to pure copper, both slip and twinning contribute to the highstrength and ductility of high-manganese steel. It shows distinct features on
the diffraction patterns as compared to copper. The disappearance of
diffraction intensity is correlated to the sudden change of grain orientation
change due to twinning.

•

Interpreted by an EPSC model, the onset of twinning occurs when the
macroscopic stress reaches 550 MPa.
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•

Twinning and slip both contribute to the deformation texture of this twinninginduced plasticity (TWIP) steel.

•

During unidirectional tension of TWIP steel at room temperature, the
intensity of texture increases with total strain.

•

During unidirectional tension of TWIP steel at room temperature, strain rates
have limited influence on the formation and intensity of deformation texture,
high-strain rate deformed specimens have higher intensity of F ( (111)[121] )
component and lower intensity in E ( (111)[110] ) component, which are related
to slip and mechanical twinning respectively.

•

For

TWIP

steel

€
undergoing

high-pressure

€

torsion,

a

martensitic

transformation between austenite and hcp structural martensite is observed,
along with shear deformation of both phases, accommodating the severe
plastic deformation.
•

The volume fraction of hcp martensite phase in TWIP steel decreases with
shear strain.

III. Phase transformation of Zr-Nb alloy during heating
•

During heating from room temperature into the β phase, Zr-2.5Nb
experiences a concentration change of Nb atoms before the transformation of
β-(Zr-Nb) retained phase into β-Nb phase at the eutectoid transformation

•

Giving the material enough time at this temperature, all the Nb atoms will
segregate from the β-(Zr-Nb) phase into the β phase incompliance with the
equilibrium phase diagram.

IV. Recrystallization of Zr based alloy and Ti-Al based intermetallics during
thermo-mechanical processing
•

During loading of Zircaloy-4 at high temperature, dynamic recrystallization
has been observed in-situ and in real time by high-energy X-ray diffraction. A
large area detector has captured the statistics of recrystallization.

•

For the plastic deformation in the bulk of an advanced intermetallic Ti43.5Al-4Nb-1Mo-0.1B alloy at 1573 K, the recently developed combination
of rapid two-dimensional high-energy X-ray diffraction with advanced
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analysis of the spottiness of the diffraction rings has been presented and
applied for the first time to the investigation of a multi-phase alloy.
•

Orientation relationships between the phases were identified upon static
heating indicating at least 3 different components, namely the Blackburn
orientation correlation between the α- and the γ-phase typical for γ-based
titanium aluminium, the Burgers orientation correlation majorly occurring in
hcp ↔ bcc transformations and a recently reported orientation correlation
between the α-002, α-101 and γ-002 / 200 reflections.

•

The coexisting hcp α-phase deforms preferentially by slip, superimposed by a
relatively slow dynamic recovery and a less important dynamic
recrystallization process. This combination of deformation mechanisms leads
to a tilted basal fiber deformation texture.

•

In contrast, the bcc β-phase is driven by strong, dynamic recovery, expressed
by rapid fluctuations in orientation space. Static recovery starts already below
the α-transus temperature during heating and continues during holding at the
deformation temperature before the compression test is started.

•

The high activity of the β-phase gives raise to rapid dynamic recovery and
dynamic recrystallization, which basically overwrites almost any deformation
texture of this phase.

•

It is interesting to note, that there is no major coupling between the
orientations and the deformation processes of the α- and the β-phases and it
appears that each grain behaves individually, self-consistently in a
polycrystalline matrix.

•

The co-existence of α- and β-phases hinders rapid grain growth as opposed to
that observed in alloys with a single-phase field. The high rate of dynamic
recovery and recrystallization occurring within β-grains render TNM alloys
favorable for thermo-mechanical processing.

V. Future work
•

More electron microscopy work for characterizing the grains orientation of
high-pressure torsion processed TWIP steel. The objective is to confirm the
result of texture and phase fraction obtained from synchrotron X-ray
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diffraction measurement.
•

Also for high-pressured torsion processed TWIP steel, it would be interesting
to combine the experimental results presented in the current thesis with the
crystal plasticity finite element model for developing the theoretical torsion
model into a deformation model for high-pressure torsion.
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